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Magnesium has the lowest density of any structural metal making it a strong candidate

for weight savings in the aerospace and automotive industries. However, strong crystallo-

graphic textures combine with anisotropic deformation modes to severely limit formability

in wrought magnesium alloys. Recently improved formability has been achieved by the

addition of small concentrations of solute rare earth elements which reduce the intensity

of recrystallisation textures.

In this study the static recrystallisation mechanism of rolled magnesium rare earth alloys,

which causes the texture weakening, is examined with a particular emphasis on the con-

trasting texture weakening effects in binary and tertiary magnesium rare earth alloys. In

binary magnesium-rare earth alloys the ‘rare-earth’ texture is simply a weakened deforma-

tion texture, while recrystallisation of magnesium-zinc-rare earth alloys produces unique

‘rare-earth’ texture components. In the binary alloys weakened recrystallisation textures

are attributed to the generation of ‘off-basal’ orientations within regions of high strain lo-

calisation during deformation. These orientations recrystallise and subsequently dominate

the recrystallised texture. Texture weakening by this mechanism is also thought to be ob-

served in non-rare earth magnesium alloys where dynamic recrystallisation is suppressed

by cold rolling. The unique rare-earth texture components in magnesium-zinc-rare earth

alloys are found to be determined by the orientation of shear bands in the material. Sim-

ilarly to texture weakening in the binary alloys, nuclei for these orientations are thought

to develop during deformation as a result of strain incompatibilities within shear bands.

The mechanism forming these orientations remains unclear, however it is postulated that

a complex change in recovery behaviour within shear bands, as a result of rare earth and

zinc additions, may be the cause.

Retarded dynamic recrystallisation is suggested to be of critical importance in the texture

weakening mechanisms of all magnesium alloys, both rare earth and non-rare earth. In

rare earth alloys dynamic recrystallisation is suppressed by the segregation of rare earth

atoms to grain boundaries. A combination of high resolution TEM and EDX shows rare

earth atoms form clusters ≈2nm in diameter on grain boundaries which are expected to

retard dynamic recrystallisation through a solute drag mechanism.
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Chapter 1

Literature Review

1.1 Introduction

1.1.1 Magnesium Alloys and their Properties

Magnesium is increasingly seen as an attractive structural material for use in a wide variety

of structural applications from consumer electronics, including laptops and mobile phones,

to seat frames and body panelling for automotive and aerospace applications. Interest in

magnesium is driven by an exciting range of properties including; low density, high specific

strength, good thermal conductivity and low cost processing, particularly in die castings.

The growth in magnesium markets is currently driven by these cast components which

have been estimated to account for up to 80% of magnesium production [1]. Meanwhile

the use of wrought magnesium products is not widespread as a result of low formability

limiting the potential applications.

In recent years there has been renewed interest in wrought magnesium as part of the drive

to combat climate change by producing greener more fuel efficient vehicles [2]. Mass is

a key contributor to fuel consumption with higher mass vehicles burning more fuel to

achieve the same velocities as lighter ones. As the lightest structural metal with a density

(1.74 g cm−3) 78% lower than steel (7.87 g cm−3) and 37% lower than aluminium (2.70

g cm−3) magnesium is increasingly viewed as a key material required to reduce vehicle

mass.

Currently the two primary limitations preventing the widespread uptake of magnesium

alloys are low formability and poor corrosion performance. Improving the low formability

of these alloys is the focus of this thesis. Fundamentally there are two possible approaches

to achieving this goal, adjusting processing route or changing alloy chemistries. Changes
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in processing route have had limited success [3–5] however, changing alloy chemistries,

particularly the addition of rare earth elements have been far more effective. Rare earth

additions are found to significantly improve mechanical properties and the formability of

magnesium, in part by weakening strong crystallographic textures which develop during

processing. In the following we seek to understand the mechanism facilitating these ‘rare

earth’ effects in the hope of leading alloy design towards a new class of industrially viable,

highly formable wrought magnesium alloys.

1.1.2 Common Alloying Elements in Magnesium

Traditionally magnesium alloys are labelled by letters designating the two highest con-

centration alloying elements, followed by the concentration of each element rounded to

the nearest wt%. A list of the most common alloying elements and their conventional

designating letters is given in Table 1.1. For example the common wrought magnesium

alloy AZ31 contains 3 wt% Al and 1 wt% Zn. The temper of magnesium alloys is also

indicated by a letter given in Table 1.2.

Alloying elements are typically added to magnesium to increase the yield strength of the

material, a primary limiting factor in the majority of magnesium castings. Strength-

ening occurs by three mechanisms, solid solution strengthening, precipitation hardening

and grain refinement. Of particular note are Zn and Al additions common in wrought

alloys such as AZ31, which provide strengthening of magnesium alloys through precipita-

tion hardening[6]. Rare earth additions including Y, Ce and Nd are also widely used in

magnesium metallurgy providing solid solution strengthening and precipitation hardening

especially at high temperatures[7–9]. These rare earth alloys also significantly improve

creep resistance[10]. Zr and Al additions also strongly refine grain sizes in magnesium

castings, providing hardening through the Hall-Petch relationship[11, 12].

Table 1.1: Table showing the conventional designations for the most common alloying
elements in magnesium

Letter Element Comment

A Aluminium Strengthens
C Copper Reduces Corrosion Resistance
E Rare Earths Strengthens & Improves Creep Resistance
K Zirconium Grain Refinement
L Lithium Increases Ductility
M Manganese Increases Corrosion Resistance
Q Silver Strengthens
S Silicon Reduces Strength
Y Yittrium Strengthens & Improves Creep Resistance
Z Zinc Strengthens
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Some elemental additions are highly undesirable in magnesium primarily as they severely

compromise the corrosion resistance or strength of the material. Of these elements Ni, Cu

and Fe are particularly problematic severely limiting corrosion performance[13]. Inclusions

of these elements are typically limited to less than 0.005 wt% in the majority of industrial

castings. Corrosion resistance can however, be improved addition of Ca[14] and Mn[15].

Many RE additions are also associated with improved resistance to corrosion, as well as

improved creep and strength[16]. As a result many modern magnesium alloys contain

significant RE additions which in general have a positive impact on the properties of

magnesium.

Table 1.2: Table showing the temper designations for magnesium alloys.

Letter Description

F As Fabricated
O Annealed and Recrystallised
H Strain Hardened
T Thermally Treated to Produce a Stable Temper
W Solution Heat Treated

Also of interest in magnesium metallurgy are Li additions, Li has a lower atomic mass

than magnesium and a very high solubility (up to 17 at%). As Li has a lower mass than

magnesium it reduces the density of the material further improving the weight advantage

of magnesium over other materials. Li addition over 41 at% also induces a body centred

cubic β phase in magnesium, offering the opportunity for the development of α + β

magnesium alloys with high ductility[1, 17]. Unfortunately the improved ductility and

weight savings in these alloys also come at the expense of strength and consequently they

are not commonly commercially employed.

The most common commercial alloy systems vary by use with AM alloys common in mag-

nesium die castings, providing a good compromise between strength and castability[18].

ZK alloys are typically used in magnesium castings producing a fine grain size which is

also strengthened by precipitates. RE alloys such as WE43 are a growing class due to

the strong creep resistance and high temperature strength provided by the RE additions.

These alloys are also part of a growing collection of wrought magnesium alloys with high

ductility. AZ alloys such as AZ31 are also prominent in wrought magnesium metallurgy

however, despite reasonable strength these wrought alloys are rarely used commercially

due to their low ductility and anisotropic properties.
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1.2 Deformation of h.c.p Metals

1.2.1 Slip Systems

H.c.p metals have highly anisotropic mechanical properties, largely as a result of the lim-

ited number of deformation modes which are available to accommodate deformation. Like

cubic metals dislocation slip is the primary deformation mode however, the low availabil-

ity of slip systems increases the importance of deformation twinning in magnesium. Slip

primarily occurs on the basal {0001}, prismatic {101̄0} and pyramidal {112̄2} planes indi-

cated in Figure 1.1, the dominant slip plane for a number of h.c.p metals is given in Table

1.3. Typically slip is most active on the close packed plane, which is the basal plane in

h.c.p crystals, the inter-planar spacing is also critical in determining the activity of each

slip system. Increasing the spacing of slip planes will reduce the Peierls-Nabarro stress

required for dislocation motion. Inter-planar spacing is controlled by the ratio of lattice

constants or c/a ratio, assuming perfect atomic packing the ideal c/a ratio of a h.c.p

crystal is 1.633 which is very close to that of magnesium 1.62. The inter-planar spacing of

the prismatic planes becomes larger than basal planes where c/a <
√

3 = 1.73, in theory

this should favour prismatic slip in cobalt, magnesium, zirconium and titanium on the

basis of a Peierls-Nabarro stress argument. Table 1.3 shows that prismatic slip is indeed

favoured in zirconium and titanium systems but not magnesium and cobalt[19]. Basal

slip is reported to be favoured in these systems due to the formation of stable stacking

faults on the basal plane, which reduce the critical resolved shear stress (CRSS) required

for basal slip[20], Section 1.2.3.

Table 1.3: Table showing the c/a ration for common h.c.p systems and the dominant slip
system in each case[21]

Metal c/a Slip System

Cd 1.89 Basal
Zn 1.88 Basal

Co , Mg 1.62 Basal
Zr 1.59 Prismatic
Ti 1.59 Prismatic

Slip on both basal and prismatic planes occurs in the 〈112̄0〉, 〈a〉 directions, within the

basal plane. As a result both basal and prismatic slip planes contain only two independent

slip systems which accommodate strain only the 〈a〉 directions. Combined these two 〈a〉
systems give three independent slip systems which does not meet the Von Mises criterion

[22], requiring five independent slip systems to accommodate an arbitrary shape change.

However, deformation may occur in the 〈c+ a〉 directions by slip on the pyramidal planes,

most commonly the pyramidal 2 ({112̄2} 〈112̄3̄〉) system, which gives five independent
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Figure 1.1: The most common slip and twinning planes and directions in magnesium,
see Table 1.4 for identification [25].

Table 1.4: Estimated CRSSs for each of the principle deformation modes for polycrys-
talline magnesium at room temperature, as calculated by the VPSC model[26]. The
CRSS of slip modes measured using single crystals is also included, with average values
from[27] and estimates of twin CRSSs from [28]. The misorientation axis of each slip

system is also given, for use in IGMA analysis, Section 1.8 [29].

Deformation Mode System CRSS (MPa) CRSS (MPa) Misorientation
Polycrystal Model Single Crystal Axis

Basal 〈a〉 Slip {0001} 〈112̄0〉 9 1 〈11̄00〉
Prismatic 〈a〉 Slip {101̄0} 〈112̄0〉 79 46 〈0001〉
Pyramidal 〈a〉 Slip {011̄1} 〈21̄1̄0〉 〈101̄2̄〉
Pyramidal 〈c+ a〉 Slip 1 {011̄1} 〈112̄3̄〉 〈2̄5 41 1̄69〉
Pyramidal 〈c+ a〉 Slip 2 {112̄2} 〈112̄3̄〉 100 65 [28] 〈1̄100〉
Tension Twin {101̄2} 〈101̄1〉 47 7 [28]
Compression Twin {101̄1} 〈101̄2〉 85 [28]

slip systems, enough to achieve the Von Mises criterion. At room temperature the critical

resolved shear stress for slip on these pyramidal planes planes is very high and pyramidal

slip generally only becomes highly active at elevated temperature where the CRSS is

reduced [23, 24]. Table 1.4 gives the range of slip systems possible in h.c.p materials

together with typical CRSS values for single crystal and polycrystalline magnesium.

1.2.2 Twinning

In addition to slip twinning also plays a crucial role in accommodating deformation in

h.c.p systems. During twinning the crystal shears reorienting the twinned crystal into a

mirror image of the un-twinned crystal along a mirror plane. Unlike slip, which occurs

via the motion of individual atoms forwards or backwards on the slip plane, twinning may

only occur in one direction and involves the simultaneous movement of a large number of

atoms on the shear plane (P) in direction η1 (Figure 1.2), shuffling of atoms within the
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Figure 1.2: Figure showing a schematic of the most important planes and directions
within a twin. K1 represents the twinning (habit plane) and K2 is the reciprocal twin-
ning plane, P is the shear plane. η1 and η2 are the twinning and reciprocal twinning

directions[32].

twin is also reported to be necessary to generate the correct twin structure within the

twin[30]. The relationship between parent grain and twin is explicitly defined by the plane

K1 which is invariant in both twinned and un-twinned crystals and the direction of shear

η1. In h.c.p crystals twinning primarily occurs on the {101̄2} and {101̄1} planes with

the direction of shear dependent on the c/a ratio[31]. Figure 1.3 plots the magnitude

of twinning shear as a function of c/a ratio, the gradient of the curve indicates shear

direction; A positive gradient gives contraction in the c direction and negative gradient

extension in the c direction. Where c/a <
√

3 as for magnesium, titanium and zirconium

twinning on the {101̄2} plane causes extension along the 〈c〉 axis, it is thus known as

tension twinning. While for c/a > 1.5 {101̄1} twinning causes a contraction in the 〈c〉
axis and so is known as contraction twinning in the same systems. Twinning in magnesium

is discussed in detail in Section 1.3.3.

1.2.3 Stacking Faults

Stacking Faults (SFs) are planar defects common in crystalline materials in which the

regular stacking order of the atomic planes is interrupted. In h.c.p metals the close packed

basal planes are packed in an ABABABAB formation, in which A and B represent basal

planes of atoms occupying alternate sites on top of each other. There are three possible

SFs on the basal plane, the intrinsic I1 and I2 faults and the extrinsic E fault. Intrinsic

SFs describe a situation in which the stacking sequence is interrupted by one break in the

stacking order and in extrinsic faults the order is disrupted in more than one location;

(I1)ABABABAB −→ ABABCBCB (1.1)
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Figure 1.3: Figure showing the variation in twin shear with c/a ratio for a range of
twinning systems. The direction of twinning shear is given by the gradient of the curve,
positive gradient gives contraction of c axis and a negative gradient gives extension. The

c/a ratio of a range of elements is indicated [31].

Figure 1.4: Figure showing the formation of E and I1 stacking faults by the removal of
an atomic plane. a) vacancies condense on a C plane removing part of it, b) the cavity
collapses, c) the collapsed cavity forms an E type fault, d) cavity forms an I1 fault[20].

(I2)ABABABAB −→ ABABCACA (1.2)

(E)ABABABAB −→ ABABCABAB (1.3)

The I1 fault is formed by the removal of basal layer (A in this case) and slip of 1
3 〈101̄0〉

above the fault to form the C layer. The I2 or ‘deformation fault’ is formed by slip of
1
3 〈101̄0〉 above the fault. Finally the E fault is caused by inserting an extra C plane.
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Stacking faults are separated from the unfaulted matrix by partial dislocations, there are

two types of partial dislocation Shockly partials and Frank partials. Shockly partials are

glissile as the Burgers vector lies within the glide plane, Frank partials are sessile as the

Burgers vector is normal to the glide plane, fixing the partial in place. The most common

stacking fault in h.c.p crystals is the I2 stacking fault which is formed by the dissociation

of a 1
3 〈112̄0〉 perfect dislocation into two Shockly partials

(I2)
1

3
〈112̄0〉 −→ 1

3
〈101̄0〉+

1

3
〈011̄0〉 (1.4)

The I1 and E faults are caused by removing or inserting an atomic layer of material, this

can occur by the condensation of vacancies or interstitial loops on atomic planes. For

example vacancies may condense on a basal plane effectively removing a layer, Figure

1.4a). The planes above and below the void may then slip to fill the gap left by the

condensed vacancies, however two planes with the same packing have high energy, Figure

1.4 b). To reduce the energy a stacking fault of I1 or E type forms. An I1 stacking

fault forms if one layer glides by 〈101̄0〉 above the vacancy and 1
3 〈1̄010〉 below, effectively

changing a B layer to a C layer and shifting the stacking to BCBCBCBC above the fault

(Equation 1.1), Figure 1.4 d). The associated dislocation reaction;

1

3
〈1̄100〉+

1

2
〈0001〉 −→ 1

6
〈2̄203〉 (1.5)

leaving a Frank partial preventing glide of the dislocation. Alternatively an E stacking

fault may form if a B layer is changed to a C layer without changing the stacking above

the fault. With dislocation reaction

1

2
〈0001〉+

1

3
〈11̄00〉+

1

3
〈1̄100〉 −→ 1

2
〈0001〉 (1.6)

leaving an extrinsic Frank partial loop surrounding the fault Figure 1.4c).

The stacking fault energy γE is determined by the separation of the partial dislocations

surrounding the stacking fault. Dislocatons are elastically repelled by each other driving

an expansion of the SF however, this expansion is limited as increasing the separation of

partials requires an increase in the size of the SF which requires energy to form. So γE

is inversely proportional to the separation of partial dislocations in the SF which have

reached an equilibrium between the elastic repulsion of the dislocations, driving expansion,

and the energy required to form the SF forcing the partials to come together. Materials

with a high γE either do not form SFs or have very small SFs.

The SFE has a significant effect on the recovery of the material because once a perfect

dislocation has separated into partials the partials are confined to a particular slip plane.
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In order to cross slip onto other planes the partials must constrict reforming a perfect

dislocation. The energy required to form this constriction is larger the greater the sep-

aration of the partials as the partials must move a larger distance to recombine. As a

lower SFE increases the separation of the partials it also means cross slip is less likely. If

dislocations are unable to cross slip this significantly reduces recovery rates.

1.3 Deformation in Magnesium

1.3.1 Slip in Magnesium

As discussed in Section 1.2.1 and shown in Table 1.1 basal slip is the most active de-

formation mode in magnesium. This was first observed in slip trace analysis of single

crystals[33, 34] and has since been confirmed by direct observation of basal dislocations in

TEM studies[35]. The CRSS of basal slip in single crystal studies has been estimated at

≈ 1 MPa [36], in comparison to ≈ 50 MPa [37, 38] for prismatic and up to ≈ 100 MPa for

pyramidal slip[27, 39, 40]. With such a low CRSS the dominance of basal slip is unsur-

prising, however basal slip only affords two independent slip systems both with burgers

vectors in the < a > direction, which suggests only very limited formability. When tested

in tension magnesium sheet typically demonstrates a room temperature tensile elonga-

tion of > 10% (Section 1.4.2), much larger than what would be expected with basal slip

alone[25, 41]. Crystal plasticity modelling predicts prismatic and pyramidal slip must be

active during deformation [25, 26] in order to reproduce such experimental ductilities.

Significant prismatic and pyramidal slip has also been experimentally observed in TEM

analysis of deformed magnesium[25, 41].

Significant activity of prismatic and pyramidal slip was until recently thought unlikely

due to the high CRSS values of these systems measured by single crystal studies. How-

ever in polycrystalline material high localised incompatability stresses develop in the mi-

crostructure as a result of grains favourably aligned for basal slip being constrained by

neighbouring grains which have a hard orientation for basal slip. This can lead to lo-

cal stresses at grain boundaries up to five times larger than the applied stress[42], large

enough to activate non-basal slip. These incompatibility stresses also result in the CRSS

values predicted by polycrystal plasticity models being higher than those measured in

single crystal experiments[25–27, 43, 44]. In fact Hutchinson, Jain and Barnett [45] argue

that the relative polycrystalline CRSSs will converge in magnesium as deformation pro-

ceeds because the work hardening term grows larger than the relative differences between

the deformation modes.
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The true CRSS’s of all slip systems are also strongly dependent on the deformation tem-

perature, with lower yield stresses and better ductilities associated with high temperatures

[25, 33, 34, 46, 47]. Higher temperatures increase non-basal slip activity by two primary

effects; reducing the CRSS for slip on each system and reducing the activation energy re-

quired for cross slip. Falling CRSS’s at high temperatures are due to the increased thermal

energy which allows dislocations to overcome energy barriers of the order ≈ kT (thermal

energy) with a lower applied shear stress[20]. The fall in CRSS with rising temperature

saturates once the energy barrier to dislocation motion is << kT , this will happen a lower

temperatures for basal slip due to its lower energy barrier, one reason why basal slip is

relatively insensitive to temperature in comparison to prismatic and pyramidal slip[28].

The sensitivity of prismatic and pyramidal slip to temperature is primarily thought to

be a result of a reduced activation energy for cross slip of basal dislocations onto non-

basal planes at these temperatures. Prismatic dislocations form due to cross slip of basal

dislocations onto the prismatic plane, this occurs by one of two mechanisms depending

on the deformation temperature; At T<400K[48, 49] an extended basal dislocation may

constrict at two points allowing it to bow on the prismatic plane, Figure 1.5 a)[50–52]. At

T>400K[48]another mechanism is observed the Friedel-Escaig, jog or kink pair mechanism

shown in Figure 1.5 b). In this mechanism a basal dislocation cross slips onto the prismatic

plane where the prismatic dislocation then re-dissociates onto basal planes parallel to the

original slip plane[49, 52, 53]. The prismatic dislocations are present effectively as a pair

of jogs between two basal stacking faults, in this mechanism the activation energy for

cross slip is therefore dependent on the activation energy for nucleating and propagating

the jog pairs on the prismatic plane[49].

The formation of pyramidal dislocations is not as well understood as the prismatic case,

however pyramidal slip is still reported to be strongly temperature dependent[39] also re-

lying on a cross slip mechanism[54, 55]. Two cross-slip mechanisms nucleating pyramidal

dislocations have been proposed; in the first, similarly to prismatic slip, basal 〈a〉 disloca-

tions cross slip onto the prismatic plane. The 〈a〉 component of the prismatic dislocation

then interacts with a sessile 〈c〉 dislocation forming a 〈c+a〉 dislocation which resultantly

cross slips onto the pyramidal plane[55]. In another recently proposed mechanism pyra-

midal dislocations are suggested to form without the need of cross slip from the basal

plane[54]. In this mechanism pyramidal dislocations nucleate on the pyramidal I {101̄1}
plane and subsequently cross slip onto the pyramidal II {102̄2} plane[54]. In either case

cross slip of dislocations is believed to be a critical factor in determining the activity of

pyramidal slip in magnesium.

In summary basal slip dominates magnesium deformation, however significant prismatic

and pyramidal slip do occur. The formability of magnesium can be greatly improved
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(a)

(b)

Figure 1.5: Figure showing two possible mechanisms for cross-slip of basal dislocations
onto prismatic planes. a) Friedel mechanism when cross slip occurs at a constriction of
a basal stacking fault and b) the double jog mechanism where a cross slipped dislocation
re-dissociates onto a parallel basal plane to the original slip plane, the jogs between basal

planes being the prismatic dislocations[52].

by deforming at temperatures above 400K where the prismatic and pyramidal activation

energy for dislocation cross slip, required to activate prismatic and pyramdial slip, is low.

At high temperatures the CRSS’s for these slip systems are also reduced, increasing their

activity. A change in the activity of non-basal slip can also be achieved by solute addition,

which may harden or soften prismatic and pyramidal slip systems.

1.3.2 Solid Solution Strengthening

The CRSS for slip is also controlled by solute addition, with both solid solution strength-

ening and softening possible. Solid solution strengthening can be broadly considered in

two regimes; where solute diffusion occurs Cottrell atmospheres[56–59] may form around

dislocations pinning them in place, if solutes are not able to diffuse individual solutes may

be considered to pin dislocations as they glide past the solute[60–62].

Where solute diffusion is not possible solid solution strengthening is commonly described

by either the Friedel-Fleischer[62] or Labusch models[60]. Within each model the solute-

dislocation interaction energy is caused by a size misfit and a chemical misfit between the
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solute atom and the matrix[61]. The size misfit accounts for a change in local volume

of the matrix as a result of solute addition and chemical misfit accounts for chemical

interaction between the solute atom and dislocation core. The Friedel-Fleischer model

considers each solute atom as an individual pinning entity with an associated pinning

force meaning dislocations must bow around every solute. This model finds solution

strengthening is ∝ C
1
2 , where C is the concentration of solute. The Labusch model

considers the effect of many solute atoms forcing the dislocation to find a low energy

configuration bowing around many solutes at the same time giving CRSS ∝ C
2
3 . Leyson

and Curtin [61] review both approaches in a variety of materials finding the Labusch type

model is more relevant to engineering problems at typical processing temperatures and

where solute concentrations exceed 10−4at%.

Solid solution strengthening of basal slip occurs in magnesium by a variety of solute

additions including Al, In, Pb, Bi[47, 63], Zn[34, 64], Sn [65] and Cd [66]. In these

systems the athermal component of strengthening is also found to be best represented

by a C
2
3 relationship of Lebusch[61]. Strengthening was concluded to be dependent on

size and chemical misfits between solute and matrix atoms by the Labusch theory and

the interaction between solutes and edge dislocations was reported to be particularly

significant[47]. More recent studies have applied ab inito modelling techniques together

with the Friedel-Fleischer model to predict the strengthening of basal slip over a variety of

magnesium alloying systems[67] which can predict the strengthening of a variety of solutes

in magnesium. Figure 1.6 shows the models prediction that the greatest strengthening is

achieved by alloys with large size or chemical misfits.

At high temperatures where solute atoms are able to diffuse in the matrix solid solution

strengthening may also occur by the formation of Cottrell atmospheres of solute atoms

around dislocations[56, 57]. Diffusing to dislocations relaxes lattice strains around both

the dislocations and solute atoms causing the dislocation to be pinned in place, raising the

yield stress for slip. Once the dislocation is free of the atmosphere the CRSS for slip drops

as there is no longer a pinning effect. At high temperatures or low strain rates solute atoms

may diffuse fast enough to keep up with the dislocation continuing to retard dislocation

motion. Repeated pinning and release of dislocations is one cause of dynamic strain

ageing (DSA) which produces a characteristic serrated flow stress curve. DSA effects have

been observed in a number of magnesium systems; magnesium-Ag[68, 69], magnesium-Li-

Al[70], magnesium-Gd [71], magnesium-Li-Al[72], magnesium-Th[73] and magnesium-Y-

Nd[74]. However, DSA effects have not been extensively studied in magnesium alloys and

it has been commented[71] that alloying additions which do not produce DSA in binary

systems do show DSA when alloyed with each other in tertiary or quaternary systems, for

example Zn and Al[63, 72]. This suggests a complex relationship between solute atoms and

dislocations in tertiary and higher order systems that is not yet understood in magnesium.
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Figure 1.6: Figure showing an alloy design map for the solid solution strengthening of
basal slip in magnesium alloys as predicted by DFT calculations. Contours represent
concentration normalised CRSS, the chemical misfit (εSFE) and the atomic size misfit

(εb) of the solute atoms[67].

In addition to solid solution strengthening solute additions can also cause softening of

slip systems, Al, Zn[46] and Li [75] atoms for example are found to reduce the CRSS for

prismatic slip. As discussed in Section 1.3.1 prismatic slip occurs as a result of cross slip

of basal dislocations primarily by the jog pair mechanism (Figure 1.5b)), solid solution

softening is thus attributed to a reduced cross-slip stress in solid solutions[64, 76]. Using

DFT approach Yasi et.al predict that K, Na, Sc, Ca, Y and Zr will lower the cross-slip

stress in magnesium, raising the activity of prismatic slip[76, 77]. The cross-slip stress

is also found to be a function of temperature with stress falling with rising temperature.

For each deformation temperature solute concentration can be optimised to minimise the

cross-slip stress and thus soften prismatic slip[77]. Of course the CRSS for slip is also

influenced by grain size through the Hall-Petch effect. Stanford and Barnett only observe

solute softening in a magnesium-Zn alloy at grain sizes larger than 30µm [64]. They

argue that at smaller grain sizes Hall-Petch hardening exceeds the CRSS for activation of

prismatic slip by cross-slip, preventing the solute softening effect from being significant

until the grain size exceeds a critical value.

In summary basal slip is the most active deformation mode in magnesium having a CRSS

that is far lower than competing slip and twinning systems. While various alloying addi-

tions have been found to soften prismatic slip through solid solution softening, basal slip

remains the dominant system.
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1.3.3 Twinning in Magnesium

1.3.3.1 Twinning in Single Crystals

Twinning is also a key deformation mode in h.c.p materials, particularly in magnesium

as the {101̄2} tension twin has a CRSS of approximately 33 MPa [26] (according to

polycrystal plasticity modelling), making it the most easily activated deformation mode

after basal slip. There are various other twinning modes possible in h.c.p magnesium,

listed in Table 1.5, each with a characteristic misorientation between the twin and parent

grain. As discussed in Section 1.2.2 the c/a ratio of magnesium means the {101̄2} twin

allows c axis extension while {101̄1} and {101̄3} twin modes both cause c axis compression.

Also listed in Table 1.5 are two commonly observed double twin systems in magnesium,

in which a secondary twin forms within a primary twin[33, 78, 79], Figure 1.8.

Table 1.5: Table giving the possible twinning systems in magnesium together with the
associated misorientations about the 〈12̄10〉 axis. Also listed are two observed double

twinning systems[78]

Twin Plane Misorientation Shear

{101̄2} 86◦ 0.131
{101̄1} 56◦ 0.138
{101̄3} 64◦ 0.138

{101̄1}-{101̄2} 38◦ 0.208
{101̄3}-{101̄2} 22◦ 0.192

As each twinning system only operates in one direction the activity of each twin type is

dependent upon straining direction. Tension twins are active where c axis extension is

required and compression twins are active under c axis compression. Figure 1.7 shows the

flow stress curve for a magnesium single crystal under c axis extension and compression.

Under extension, tension twinning is activated producing an s shaped flow stress curve

characteristic of twinning[80, 81]. A low yield stress is due to the low CRSS and high

Schmid factor for tension twinning in this orientation. Immediately after yielding there

is little work hardening due to the majority of strain being accommodated within twins.

After twinning is exhausted significant work hardening is observed as a result of the

operation of slip. Under c axis compression the majority of strain is accomodated by slip

due to the high CRSS for compression twins, so the flow stress curve shows hardening

behaviour expected for deformation primarily by dislocation slip.

The anisotropic flow stress behaviour described above is successfully predicted by crystal

plasticity modelling treating twinning similarly to slip; with twin activity governed by

Schmid factor and a characteristic CRSS [26, 82–84]. While the majority of twinning

events in magnesium can be understood by this Schmid factor approach[81] recent studies

have observed the formation of some double twin variants with sub-optimal Schmid factors
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Figure 1.7: Figure showing the flow stress curve for a magnesium single crystal where
the c axis is under compressive strains and tensile strains[87, 88].

in polycrystalline magnesium. It is proposed these non-Scmid twins form in order to

maximise strain compatibility with the surrounding matrix[79, 85]. However it serves as

a reminder that while macroscopic effects of twinning are quite well understood a full

mechanistic understanding of twinning remains incomplete[86].

1.3.3.2 Twinning and Ductility

The activity (or inactivity) of twinning systems during deformation has strong effects on

the ductility of magnesium alloys. Activation of tension twinning provides an extra easily

accessible deformation mode within these grains increasing ductility, Figure 1.7. Improved

ductility is not only provided by the additional deformation mode but also by changes in

work hardening behaviour when tension twinning is operational. Figure 1.7 shows that

magnesium work hardens more under c axis extension after twinning is complete than

under c axis compression where no twinning occurs. The full complexities of this effect

are still poorly understood however the additional twin boundaries in a heavily twinned

material effectively refine the grain size contributing to hardening by a Hall-Petch type

effect[83, 89]. Hardening due to some tension twins having relatively harder orientations

for basal slip than the parent grains has also been considered to account for increased work

hardening[89]. The increased uniform elongation that might be expected as a result of

better hardening (Section 1.4.3) has been predicted by a constitutive modelling approach

[80]. This suggests that tension twinning is beneficial to ductility not just because it offers

an additional deformation mode but also by improving work hardening.
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Figure 1.8: Schematic of a {101̄1}-{101̄2} double showing the basal planes along the
〈12̄10〉 axis. Taken from [79] after [91].

Not all twinning modes are beneficial to ductility with contraction and double twinning

often thought to reduce ductility of magnesium. Contraction twinning has a less significant

effect on the flow stress curve of c axis compression, where the s shape twinning curve is not

observed, Figure 1.7. However some contraction twins do form under c axis compression,

rotating the matrix inside the contraction twin into a favourable orientation for secondary

tension twin formation, Figure 1.8. These double twins are favourably aligned for basal slip

[79] within the twin (unlike the matrix) and once activated this basal slip can lead to flow

stress softening due to the low CRSS required for basal slip[33]. This softening reduces the

work hardening in the overall material which is expected to reduce material ductility (see

Section 1.4.3). Indeed constitutive modelling also predicts a reduced uniform elongation

in double twinned material as a result of work softening within double twins.[90].

The effect of twinning on mechanical properties is not only determined by the rate of twin

nucleation (as discussed above) but also the rate of twin growth. The strain accommo-

dated by a twin is proportional to the twin volume fraction, larger twins accommodating

more shear strain[31, 86, 92]. Typically immediately post nucleation twins have a nar-

row lenticular shape, which may grow depending on the mobility of the twin boundary.

Twin boundary mobility varies strongly between twin types, contraction twins have very

immobile boundaries while tension twin boundaries are very mobile. This means that

contraction and therefore double twins are often observed as very thin twins while tension

twins grow much wider[87], often consuming the entire grain[78]. The easy nucleation

and fast growth of tension twins when a material is strained in c axis tension contribute

to the s shape of the flow stress curve which is not observed under c axis compression.
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1.3.3.3 Effects of Grain Size & Deformation Temperature

Twin activity is also sensitive to deformation temperature and grain size with tension

twinning suppressed at both high temperatures and small grain sizes[89, 93]. At high

temperatures (> 150◦C depending on grain size) the CRSS of competing slip systems

falls more than that of tension twinning, reducing the tension twin activity in magne-

sium. Indeed, the actual CRSS for twinning is reported to be relatively insensitive to

temperatures[89, 93]. The reduced twin activity at high temperatures is clearly observed

in optical micrographs as a fall in twin volume fraction and in flow stress curves, where

the twinning s shape flow stress curve is replaced with a typical flow stress curve at high

temperatures. A similar transitional behaviour is observed as grain size is reduced, below

a critical grain size deformation becomes slip dominated showing a similar transition in

flow stress curve morphology and twin volume fraction. The transition is accompanied by

a change in Hall-Petch slope (k) at the critical grain size, with the dislocation dominated

region having a much lower k value than the twin dominated region[89, 92, 93]. The

reason for the dependence of twin activity on grain size is not fully understood although

it has been proposed to be due to the reduced twin size possible in smaller gains. A small

grain size limits the size of twins, as each twin cannot grow beyond the grain boundary.

As a result, the same number of twins accommodate less strain at smaller grain sizes.

Thus in order accommodate the same strain at small grain sizes, more twins must be

activated, which raises the yield stress and k value for the material[92].

The temperature dependence of compression twins is more difficult to elucidate due to the

less influential role these twins play in magnesium deformation. Indeed, unlike tension

twinning at room temperature, other deformation modes such as prismatic and pyramidal

slip are often active along with compression twinning[28, 33]. However, high temperatures

are expected to reduce the CRSS for compression twinning and there is some evidence from

studies of single crystals that increased compression and double twinning are observed at

higher temperatures up to 350◦C[28, 33]. In any case at higher temperatures the activity

of non-basal slip systems increases and these systems come to dominate deformation,

severely reducing all twin activity.

1.3.4 Shear Band Formation

Compression and double twinning have also been associated with the formation of shear

bands in magnesium alloys during deformation[90, 94–98]. Shear bands are regions of

high localised strain, often traversing many grains. Optical micrographs of shear bands

in magnesium are shown in Figure 3.4. Shear bands might be expected to form at 45◦to

the compression direction during plane strain compression (the plane of highest shear
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stress) however, shear bands are often observed at angles <+
− 35◦to the RD[99]. The

reason for this is not clear but, strong rolling textures have been suggested as a possible

explanation[100]. Investigations of shear band angles are complicated by difficulties in

identifying new shear bands because once a shear band has formed continued plane strain

compression will reduce the inclination of the band as the material is compressed. Thus

old shear bands will be inclined at reduced angles to the RD compared to new bands.

Regardless of the shear band angle, strain in magnesium shear bands is generally thought

to be accommodated by basal slip, as this is the most easily activated slip system. Thus

basal planes within shear bands are thought to be parallel to the band[101], maximising

the Schmid factor for basal slip.

Shear bands are often seen as a precursor to failure in magnesium because they typically

form once the soft deformation modes in a material are exhausted. At the start of an

arbitrary deformation, strain is distributed evenly in the microstructure between many

grains with favourable orientations for basal slip and tension twinning. As these soft ori-

entations are exhausted, deformation continues in grains with unfavourably low Schmid

factors, requiring greater applied stresses to allow deformation. Eventually shear bands

form because the shear stress required to force slip in the remaining hard orientations

is less than that required to form a shear band. This occurs first at locations of stress

concentration (such as twins). Once formed the CRSS for slip within the band is low, due

to a hight Schmid factor for basal slip[99]. The low CRSS for basal slip once a shear band

forms is associated with a drop in flow stress during processing; this is known as texture

softening[101, 102]. Once strain is concentrated in this way failure is thought to be immi-

nent as shear bands can only accommodate a finite amount of strain before incompatibility

stresses and void formation cause the material to fail[103, 104]. If compression twinning

were to initiate shear banding at low applied strains, it could cause further localisation of

deformation and premature failure of the material, reducing ductility.

Shear bands are thought to form as a result of strain localisation within the matrix,

with twins identified as a primary source of this localisation. Some twins, particu-

larly compression and double twins, have a softer orientation for basal slip than the

matrix. Strain is thus preferentially accommodated within such twins, concentrating

strain in this area. Some argue this strain concentration ultimately nucleates shear band

formation[33, 94, 98, 101]. Sandlöbes et.al. suggest that the strain localisation within the

twin triggers the formation of further fine twins which constitute the shear band Figure

1.9 [94]. Other mechanisms have been proposed to account for shear band formation. At

high temperatures Ion et.al. propose shear bands form due to dynamic recrystallisation

around grain boundaries, Figure 1.10[105]. Recrystallised grains with soft orientations

for basal slip concentrate slip in the necklace region of recrystallised grains around grain

boundaries, ultimately forming shear bands
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Figure 1.9: Proposed mechanism of shear band formation in magnesium under plane
strain compression in basally oriented grains. a) Basal planes are perpendicular to com-
pression direction and so basal slip cannot accommodate compression. b) This forces a
compression twin to form, the basal planes within the twin are favourably oriented for
basal slip. c) Strain localisation within the twin triggers formation of multiple fine twins

starting a shear band[94].

While shear bands are considered a precursor to failure, they contribute significantly to the

ultimate tensile elongation of magnesium. Sandlöbes et.al. argue that increased ductility

in a group of magnesium-rare earth alloys can be partly explained by a fine distribution

of fine shear bands throughout the deformed microstructure[94]. In other words a fine

distribution of low intensity shear bands each accommodating a small amount of strain is

likely to result in a higher strain before failure than a small number of very large shear

bands which accommodate a lot of strain. In this way the spatial distribution of shear

bands is very important in determining their contribution to ductility.

In summary, shear bands are an important deformation feature in magnesium, and their

formation is often considered a precursor to the onset of failure. The density and spatial

distribution of shear bands is considered critical in determining the final ductility of

magnesium; in material where a large number of small shear bands nucleate, strain is

shared between many bands allowing greater strains to be accommodated before failure,

while in material with a small number of high strain bands strain is concentrated in

a small area causing failure at lower strains[94]. In material where compression twins

form, the twins are argued to nucleate shear bands which might be expected to induce

failure. However if widespread twinning nucleates a larger number of finely distributed

shear bands this may actually increase the ductility.

1.4 Wrought Magnesium

Magnesium is very rarely used to construct wrought components, because of the anisotropic

properties those components have and the difficulty in manufacturing them. A wrought

component is formed by plastic deformation of a material into a desired shape. Commonly
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Figure 1.10: Proposed mechanism of shear band formation during dynamic recrystalli-
sation. a) Deformed grains begin to recrystallise at grain boundaries forming a necklace
type microstructure. b) Recrystallised grains have soft orientations for basal slip in com-
parison to parent grains, concentrating slip in in bands of interconnected grains around
grain boundaries concentrating stress at the ends. c) Continued stress concentration and

shear band formation cause shear band formation[105].

this involves rolling or extrusion into sheet or rod product which is subsequently deformed

into a component. During rolling or extrusion, magnesium alloys form strong textures

which combined with a small number of easily activated deformation modes limits the

subsequent room temperature formability, preventing sheet or rod products from being

easily deformed into desired shapes. Even in cases where magnesium products are formed

they typically demonstrate anisotropic mechanical properties often not desirable in an

engineering material. In the following, the origins of the strong textures that form in

magnesium are discussed together with the impact these have on mechanical properties

and formability. Strategies for optimising the formability of magnesium alloys are also

presented.

1.4.1 Formation of Basal Textures

Figure 1.11 gives example pole figures demonstrating the typical strong textures that

develop in magnesium during rolling and extrusion. After rolling, the basal plane normals

are aligned parallel with the normal direction (ND) of the sheet and after extrusion the

basal plane normals are perpendicular to the extrusion direction (ED). These textures

are largely formed due to the high activity of basal slip; the Schmidt factor for basal

slip during rolling is highest for grains with their c axis at 45◦to the ND and lowest for

grains with c axis parallel to ND or perpendicular to it. The action of basal slip during

compression rotates grains such that basal plane normals become almost parallel to the

ND where the Schmid factor for basal slip is very low. Even if grains are unfavourably

oriented for basal slip, the low CRSS means that in many cases this mode is activated

first in these grains. In grains which are initially oriented perpendicular to the ND, so the
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(a) Rolled {0001} (b) Rolled {101̄0}

(c) ED IPF

Figure 1.11: Figure showing the a) {0001} and b){101̄0} pole figures of rolled AZ31. c)
Extrusion direction inverse pole figure of extruded AZ31[96].

Schmidt factor for basal slip is too low for its activation despite the low CRSS, the Schmid

factor for tensile twinning is high so this mode is activated. Tensile twinning reorients

the material in the twin by 86◦into the ND of the sheet, producing the same alignment

of basal poles as produced by basal slip. In this way, predominantly by the activity of

basal slip and tensile twinning, strong basal textures develop during rolling with basal

plane normals parallel to the principle compression direction. Similarly, during extrusion,

basal slip and twinning orient grains so that their c axes lie perpendicular to the extrusion

direction and parallel to the compression direction of the extrusion process.

The basal texture of Figure 1.11a) is that typically expected of rolled pure magnesium

sheet. However, in practice it is common to find a texture in which the basal pole is

split towards the RD, Figure 1.12. The split texture has been associated with increased

activity of pyramidal 〈c+a〉 slip during the deformation[83, 106] and shear band formation

(Section 1.5.2.4). These strong basal type textures are key contributing factors causing

the yield asymmetry and low formability which are currently significant in preventing the

widespread use of wrought magnesium.



Literature Review 37

Figure 1.12: Basal texture of AZ31 rolled at 200◦C, showing a typical split of the basal
texture in the RD [25].

1.4.2 Yield Asymmetry

The low CRSS of basal slip combined with strong textures mean the yield stress of wrought

magnesium products varies significantly depending on strain direction[107, 108]. A dif-

ference of around ≈ 100 MPa (a factor of three) has been measured in some alloys, as

shown in Figure 1.13. The data plotted in Figure 1.13 was derived from a sheet with a

basal texture similar to that of Figure 1.11 a), in which the strongly textured polycrystal

almost behaves like a single crystal, as all grains are oriented with their c axes nearly

parallel to the ND. The yield anisotropy observed occurs as the c axis of these grains

moves from compression to tension. The c axis is under tension both when the ND is

directly under tension ND(t) and indirectly when the sheet is compressed in the rolling

direction, RD(c), due to the Poisson effect. c axis extension under these conditions can

be easily accommodated by tensile twinning, which has a low CRSS. This leads to low

yield stress (≈ 60MPa) and a typical s shape flow stress curve caused by twinning. How-

ever, when the c axis is compressed (directly by ND(c) and indirectly by RD(t)) very

few deformation modes are available to accommodate deformation because, as discussed

in Section 1.2.1, the Burgers vectors of both basal and prismatic slip lie in the basal 〈a〉
plane, leaving only compression twinning and pyramidal slip able to accommodate 〈c〉
axis compression. The CRSS’s of both compression twinning and pyramidal slip are high

at room temperature raising the yield stress to ≈ 140MPa[87, 107, 109]. The inability of

magnesium crystals to accommodate 〈c〉 axis compression is at the heart of magnesium’s

anisotropic behaviour and, combined with strong textures, severely limits the applications

of wrought magnesium products.
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Figure 1.13: Flow stress for rolled AZ31 under tension (t) and compression (c) in both
normal direction (ND) and rolling direction (RD). The anisotropic properties of Mg
are clearly shown, flow stress strongly dependent on both direction of deformation and

orientation of the sample[109].

1.4.3 Formability

Strong basal textures are also the cause of low formability of wrought magnesium products.

Formability is a term used to describe the extent to which a material can deform before

failure. A sheet with low formability is likely to fail before it can be deformed into a useful

shape. The formability of sheet material can be quantified using a forming limit curve

(FLC) such as that plotted in Figure 1.14. An FLC plots the strain to failure of a sheet

material when strained in a variety of strain states, from uniaxial tension (dotted line) to

biaxial tension (dashed line). Effectively, the region below the FLC is “safe”, containing

strain states where the material should not fail, while attempting to deform to a strain

state above the FLC is “unsafe” and will cause material failure. Figure 1.14 shows that a

typical magnesium alloy AZ31 has a significantly lower forming limit strain for all strain

states than aluminium 6016 when deformed at room temperature.

Formability of sheet in cubic materials is considered to be controlled by its ability to

resist strain localisation which causes necking and ultimately failure[112]. High strain

rate sensitivity m and work hardening n values contribute to a highly formable material

by resisting strain localisation. A high work hardening coefficient hardens a material in

regions of strain localisation, preventing further deformation in that area. Similarly a

high strain rate sensitivity causes hardening in a necked region where strain rate is higher

than in the bulk of the material. Both parameters delay the onset of strain localisation

and failure, increasing formability. While these parameters are specific to each alloy

and temper, typical values for aluminium at room temperature are n = 0.22 − 0.30 and

m = 0.01 [113]. Despite much lower formability at room temperature magnesium has
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Figure 1.14: Room temperature forming limit diagram of aluminium 6016 [110] and
magnesium AZ31 [111]. Curves are added to guide the eye. Uniaxial tension is indicated

by the dotted line and biaxial tension by the dashed line.

similar values of n = 0.2[114] and m = 0.02[71]. In principle one would expect magnesium

alloys to be significantly more formable based on these parameters. However, failure of

magnesium parts is not typically thought of in terms of necking but in terms of a hardening

of the material to basal slip[115]. The majority of deformation in magnesium occurs by

basal slip as the CRSS for basal slip is so much lower than that of other deformation

modes. Strong textures mean that the majority of grains in magnesium sheet have similar

orientations (〈c〉 ‖ ND) and therefore similar Schmid factors for basal slip. A grain with

a high Schmid factor for basal slip requires only small applied stress activate basal slip,

easily accommodating strain and allowing the material to form. A low Schmid factor

for basal slip on the other hand requires a large applied stress to activate basal slip,

large stresses are also required to activate non-basal slip (even with a favourable Schmid

factor) because the CRSS of these non-basal modes is very high. So in cases where the

Schmid factor for basal slip is low applied stresses may exceed that required to form shear

bands and/or voids causing the material to fail. This behaviour is markedly different to

cubic materials where weak textures and large numbers of slip systems are available to

accommodate deformation. Failure in these materials is considered to be more due to

local necking rather than hardening of the material to a particular slip system.

In summary, the formability of magnesium is dependent upon the ease with which basal

slip is activated. Forming magnesium is possible where grains well oriented for basal slip

are available. However, the material rapidly hardens to basal slip due to the rotation of
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those grains in which basal slip is active and the fact that strong textures often mean

that few grains are favourably oriented for basal slip in the first place. Once the material

hardens to basal slip failure is often imminent as the high applied shear stresses, which

are required to activate basal slip in unfavourably oriented grains or overcome the high

CRSS values of non-basal slip, often exceed the applied stresses required for void or crack

formation causing material failure.

1.4.4 Increasing Magnesium Formability

There are two possibilities for increasing magnesium formability; reducing the basal tex-

ture strength or reducing the CRSSs of the other deformation modes [108]. Indeed, the

two are intrinsically linked since reducing the CRSS of non-basal modes would also lead

to texture weakening. Reducing texture strength will increase the number of grains with

a high Schmidt factor for basal slip in an arbitrary straining direction and reducing the

CRSS of other deformation modes will allow slip on other planes to occur. Both solutions

will slow the build up of applied stresses, delaying the activation of failure modes to higher

strains, improving formability and raising the FLC. Improved formability as a result of

weakening basal textures in magnesium alloys has been successfully predicted by crystal

plasticity modelling[115, 116]. Where weaker textures are shown to increase the forming

limit without any changes to the CRSS values. Random textures are predicted to provide

the maximum improvement in formability[115].

Formability may also be improved by reducing the CRSS of non-basal slip systems. As

discussed in Section 1.3.1 one way of reducing the CRSS of non-basal slip systems in

magnesium is by forming at high temperatures which shifts the minimum of the AZ31 FLC

up to εmajor ≈ 1 at 250◦C [117]. Crystal plasticity simulations of FLCs have also suggested

the improvement in formability at high temperatures can be reproduced by reducing

the CRSSs and work hardening rates of the prismatic and pyramidal slip systems[118]

(see Table 1.6 ). In particular pyramidal slip is particularly important for improving

formability as it offers six independent slip systems which are enough to accommodate

an arbitrary shape change in a grain, which explains the increased formability when the

CRSS and latent hardening for this mode are significantly lower at high temperatures.

Increasing activity of pyramidal slip at high temperatures has also been suggested to

explain the reduced planar anisotropy under these conditions[25]. Although increasing

deformation temperature is effective at improving formability the temperatures required

in practice make the forming process expensive relative to cold forming of aluminium

products and so high temperatures are not industrially viable.
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Table 1.6: Table showing the change in CRSS’s ,τ0, (normalised to basal slip) and latent
hardening, θ0, required to simulate FLCs at 20◦C and 200◦C using the VPSC crystal

plasticity model (Section 4.1.2)[115].

Basal Prismatic Pyramidal Tension Twin

τ20
◦C

0 1 3.2 5 1.5

τ200
◦C

0 1 1.8 1.8 2.1

θ20
◦C

0 80 20 500 0

θ200
◦C

0 80 20 35 0

In addition to identifying the importance of texture and CRSS for each slip system,

crystal plasticity modelling also suggests strain rate sensitivity and work hardening are

significant in determining formability. Increasing either factor is predicted to improve

formability shifting the FLC up [115, 116]. Neil and Agnew note that improved formability

at high temperatures in magnesium may saturate above 150◦C due to competition between

strain rate sensitivity and work hardening [115]. High temperatures increase strain rate

sensitivity, which improves formability, while also reducing work hardening causes a fall

in formability. Their simulations suggest these effects balance at around 150◦C beyond

which increases in temperature do not lead to significant improvements in formability.

We should note the crystal plasticity results quoted here are produced by the VPSC

model described in more detail in Section 4.1.2. The model does not account for recov-

ery or DRX, which may significantly impact formability especially at high temperatures.

The model also neglects local effects such as grain-grain interactions and shear banding

meaning the model predictions should be viewed with caution. Despite these limitations

over the temperature range considered the model gives a reasonable explanation of ma-

terial formability, in particular the predicted role pyramidal slip plays has recently been

supported by observations of pyramidal dislocations in TEM studies[25].

In summary. the poor formability of magnesium is the result of a unique combination of

strong textures and dominant basal slip in wrought magnesium alloys. Formability can

be improved by deformation at high temperatures, which simulations suggest is due to a

reduced CRSS for pyramidal slip. Weakening deformation textures also greatly improves

formability in both experiment and simulation due to the larger number of grains with

soft orientations for basal slip. Although this discussion has focused on the behaviour of

sheet material the principles are the same for all wrought magnesium products; Domi-

nant basal slip leading to strong textures during processing and subsequently premature

failure during forming processes. It should be noted that strong textures are not always

undesirable in finished products but currently in the majority of cases they prevent such

products from being successfully formed.
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In the remainder of this review the mechanisms for weakening the strong deformation

textures in magnesium are considered with a view to increasing formability. The most

obvious process for changing the deformation texture is recrystallisation.

1.5 Recrystallisation of Magnesium Alloys

1.5.1 Recovery and Recrystallisation

Recrystallisation occurs either dynamically during deformation (DRX) or statically during

an annealing heat treatment post deformation (SRX). DRX in magnesium is very com-

mon even at relatively low deformation temperatures T> 400◦K. Typically the activation

energy for DRX is associated with the stacking fault energy (SFE) of a material. A low

SFE corresponds to a high DRX rate because the easy formation of partial dislocations

prevents cross-slip. With cross slip prevented recovery is limited, meaning a high stored

energy is available causing DRX. However, the SFEs in magnesium and aluminium are

very similar [21] and unlike aluminium, where DRX is rare, magnesium alloys frequently

show DRX. DRX in magnesium is primarily a result of stress concentrations which build

up in the material because of the anisotropies in slip and twinning activities together

with strong crystallographic textures. A combination of these factors leads to the build

up of dislocations and stored energy in the microstructure particularly at grain boundaries

where incompatibility stresses between neighbouring grains are highest. The high stored

energy in these locations allows DRX to occur at relatively low temperatures. In con-

trast deformation in aluminium is far more uniform and strain concentration is thus much

lower, which combined with a high SFE prevents DRX. As the majority of industrially

processed magnesium undergoes significant DRX we concentrate on DRX in magnesium

as SRX normally involves the growth of DRX nuclei or grains.

As deformation mechanisms are critical in generating stored energy in the microstructure,

which allows DRX to occur, they also strongly influence the DRX mechanism which in

turn controls the texture components nucleated. In the following we discuss the DRX

nucleation mechanisms and discuss how these affect the recrystallised texture components.

1.5.2 Mechanisms of Recrystallisation

Recrystallisation in magnesium is commonly associated with five mechanisms; twin in-

duced dynamic recrystallisation (TDRX), continuous dynamic recrystallisation (CDRX),

strain induced boundary migration (SIBM), shear band nucleation (SBN) and particle
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stimulated nucleation (PSN). In the following we consider each mechanism and the tex-

ture components they nucleate.

1.5.2.1 Strain Induced Boundary Migration–SIBM

SIBM is a common recrystallisation mechanism in many metallic materials, occurring at

a bulge in a grain boundary. Interaction of a grain boundary with a slip band during

deformation causes a build up of stress on one side of the boundary, which is relived

by a bulging of the boundary into a neighbouring grain. The mechanism of SIBM for

aluminium alloys is illustrated in Figure 1.15 a). The bulge grows into a grain 2 as

E2 > E1 where E is the stored energy of the grain including energy due to stress build

up on the boundary and dislocation density. The region left behind the bulge has a lower

dislocation density than both grains as the dislocation substructure is stretched during

the bulging process Figure 1.15 b). Rearrangement of the stretched substructure within

the bulge forms a low angle boundary bridging the recrystallisation nucleus Figure 1.15

c). Formation of the bridge may also be facilitated by grain boundary sliding, causing

stresses to build up at the edges of the bulge which are relaxed by emission of dislocations

constituting the bridge[119]. During recrystallisation the nucleus grows into the higher

energy grain fastest as the high angle boundary between the bulge and grain 2 has a higher

mobility than the low angle boundary between the bulge and grain 1. Grain boundary

bulges may also form at large subgrains Figure 1.15 d)[21]. A TEM micrograph showing

grain boundary bulges in magnesium (white arrows) is presented in Figure 1.17.

The misorientation between the low angle boundary of the nucleus and grain 1 gradu-

ally increases as dislocations are absorbed by the boundary, eventually forming a high

angle boundary. Once the nucleus is surrounded by high angle boundaries nucleation is

completed and recrystallisation continues by boundary migration of the high angle bound-

aries. This discrete two step nucleation and growth process is described as discontinuous

recrystallisation mechanism in much of the literature. Recrystallisation by SIBM at grain

boundaries in this way is one mechanim which leads to the ‘necklace’ type microstructure

of recrystallised grains around the edges of prior grain boundaries (Figure 1.16). As the

orientation of recrystallising grains is initially only separated from the parent grain (grain

1) by a low angle grain boundary (Figure 1.15c)) SIBM might not be expected to greatly

weaken basal textures[120]. However, growth of the low angle boundary into a high an-

gle boundary increases the misorientation between the SIBM grain and the parent grain

weakening deformation textures overall[121].

SIBM is only active at high deformation temperatures (T> 573K)[122–124] where higher

grain boundary mobility aids bulge formation. Increased non-basal slip, cross-slip and
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Figure 1.15: Figure showing the mechanism of strain induced boundary migration in
aluminium. A similar mechanism operates in magnesium, but the subgrains tend to less
well defined especially in the centre of the grain. a) a bulge forms in a grain boundary
as a result of a difference in stored energy E1 < E2, b) the dislocation substructure is
stretched behind the bulging boundary, c) the substructure within the bulge recovers
to form low angle boundary and recrystallised grain. d) SIBM may also occur at large

subgrains such that the interior is already substructure free[21].

Figure 1.16: Figure showing the growth of the necklace type microstructure characteristic
of a variety of recrystallisation mechanisms in magnesium. Nucleation of recrystallisation
occurs preferentially at grain boundaries forming a necklace of recrystallised grains in this

region [21].

climb are also possible at these temperatures which are required for recovery of the dis-

location substructure within the bulge. Thus any process that impedes recovery or grain

boundary motion is likely to inhibit the formation of SIBM nuclei.
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1.5.2.2 Rotational Recrystallisation–RDRX

Rotational (dynamic) recrystallisation (RDRX) is another recrystallisation mechanism

proposed in magnesium alloys which also produces a ‘necklace’ type microstructure around

grain boundaries, Figure 1.16 [105]. In this mechanism, shown schematically in Figure

1.18, shear strain is concentrated at grain or twin[125] boundaries due to the build up

of dislocations in these regions causing locally high incompatibility stresses. Dynamic

recovery of these dislocations forms a subgrain structure next to the grain boundary,

Figure 1.18b). With continued straining dislocations are dynamically added to these

low angle boundaries eventually rotating them into high angle boundaries, Figure 1.18c).

Such rotations are also suggested to be facilitated by grain boundary sliding of both

high and low angle boundaries during continued straining[126–128]. In many respects

RDRX is a pseudo recovery process as it only requires continued strain and recovery of

dislocations rather than migration of high angle boundaries typically observed in other

recrystallisation processes. As a result RDRX nuclei are usually small and contain small

internal misorientations as the nuclei grow slowly and contain dislocations which are

dynamically recovering to the subgrain boundary.

Dynamic recovery and the formation of a 3D subgrain structure requires the activation

of non-basal slip and/or cross-slip mechanisms. These processes are believed to be active

near grain boundaries because the stress concentration at the boundaries locally exceeds

the CRSS for non-basal slip and cross slip[105]. Despite stress concentrations locally

raising shear stress at boundaries RDRX only operates at moderate-high temperatures

(typically ≈473-623K [105, 122, 123]) where the CRSSs for non-basal slip and cross-slip

are low enough for these systems to be active. Climb of basal dislocations, activated at

higher temperatures, also aids subgrain formation contributing to the increased activity of

RDRX. At these high temperatures RDRX competes with SIBM, where both mechanisms

are reported in the vicinity of grain boundary serrations[129]. In general SIBM is thought

to be more favourable at the highest temperatures (> 573K[123]) due to the increased

mobility of high angle boundaries. The two processes are significantly different; RDRX is

a one step continuous process without discrete nucleation and growth steps, so it is often

referred to a continuous recrystallisation mechanism[105, 123, 129]. SIBM has discrete

nucleation and growth steps and is described as a discontinuous recrystallisation process.

RDRX nuclei have orientations based upon rotations of the parent grain, continued dy-

namic recovery increases the misorientation of RDRX grains, in other words rotating the

nucleus away from the parent orientation. The magnitude and direction of RDRX rotation

is likely to depend upon the applied strain and dominant slip system. Larger strains will

generate larger rotations with each slip system having a characteristic rotation. The tem-

perature and strain rate will also determine the activity of each slip system as discussed
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Figure 1.17: TEM image showing the bulging of a grain boundary during straining of a
magnesium alloy as a result of high localised shear stress in grain boundary regions caused
by dislocation pile up. This bulging and substructure development at grain boundaries
is typical of SIBM and RDRX. The dense subgrain structure surrounding the grain
boundary becomes more diffuse moving further from the boundary into the grain[129].

Figure 1.18: Figure showing the rotational or CDRX mechanism of recrystallisation in
magnesium. a) Local shearing occurs at grain boundaries due to stress concentration
in these regions. b) Dynamic recovery then occurs around these boundaries forming
subgrain structures. c) Continued straining and dynamic recovery in these regions forms

grains on the boundary[21].

in Section 1.3.1. In practice, where orientations of RDRX nuclei have been observed in

magnesium they are found to be close to that of the parent grain [130].

The relative activity of basal and non-basal slip are also reported to affect the morphology

of RDRX grains[131]. High basal slip activity is expected to generate rectangular lamellar

of low angle boundaries on basal planes. Recovery of these lamellar into subgrains by a

small number of non-basal dislocations forms rectangular RDRX nuclei. Likewise if the

activity of basal and non-basal slip are similar RDRX nuclei are expected to be more

uniform in shape as dislocations are more evenly distributed between the slip planes[128].
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1.5.2.3 Twin Induced Dynamic Recrystallisation–TDRX

As well as grain boundaries deformation twins, particularly contraction and double twins[98,

132], nucleate recrystallised grains. Contraction and double twinning have two significant

effects, rotation of the matrix into a softer orientation for basal slip (see Section 1.3.3)

and generation of twin boundaries which obstruct dislocations. These effects make twins

ideal RX sites because basal dislocations are quickly generated within the twin, due to

a low Schmid factor for basal slip, and these dislocations are quickly impeded by twin

boundaries. The resultant build up of stored energy within the twin is greater than the

surrounding matrix, concentrating recrystallisation within the twin. Recovery may then

lead to the development of a subgrain structure consisting of high and low angle bound-

aries developing within the twin, Figure 1.19 [124, 125, 132–134]. Although common in

contraction twins, recrystallisation within tension twins is not often observed because

the matrix within these twins is frequently poorly oriented for basal slip. This prevents

stored energy required for recrystallisation building up and so DRX is less active in tension

twins[135].

This mechanism requires the development of a subgrain structure within the twin which

requires the activation of non-basal slip systems[95, 132]. Despite this TDRX is frequently

reported at low deformation temperatures in magnesium (T< 473K) where non-basal slip

activity is low but twinning activity is very high[105, 122, 123, 132]. The activity of

non-basal slip at these temperatures is considered to be increased within twins due to

areas of stress concentration at twin boundaries[123, 132, 133]. As a result of the recovery

required to form a subgrain structure needed for this TDRX mechanism it is referred to

as a continuous recrystallisation mechanism[122, 132, 136], like the RDRX mechanism.

In particular a recent single crystal study by Molodov et.al [132] has shown significant

activity of prismatic slip within compression twins, which is proposed to account for

texture weakening in TDRX grains by such a CDRX mechanism.

At lower temperatures where the CRSS for non-basal slip is too high for significant re-

covery, even within twins, an alternative discontinuous TDRX mechanism has been pro-

posed. Where TDRX nuclei form at the intersections of twins and subsequently grow

into the deformed matrix. Twin intersections may form by two mechanisms shown in

Figure 1.20. The secondary twin may nucleate externally and intersect the primary twin,

or the secondary twin may nucleate within the primary twin. In both cases a TDRX

nucleus forms bounded by high angle boundaries which may grow into surrounding de-

formed material[122, 125, 134]. However, the low temperatures at which this mechanism

operates and the low mobility of many twin boundaries prevent this discontinuous TRDX

mechanism from being considered a significant source of DRX grains in magnesium.
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Figure 1.19: Figure showing a) an EBSD map in which TDRX is observed, b) high and
low angle boundaries develop within a contraction twin. c) tension twin where no TDRX

is observed, some of these tension twins are believed to from during unloading[124].

Figure 1.20: Figure showing a schematic digram of two mechanisms of TDRX nuclei
formation by twin intersection. a) in which a secondary twin completely intersects a

primary twin and b) where a secondary twin nucleates within a primary twin.

Twins have a fixed orientation relationship with the parent matrix and TDRX grains

might be expected to share this relationship, nucleating grains with similar orientations

to the parent twin. This is likely to be particularly true for nuclei developed from the

discontinuous TRDX mechanism described above, Al-Samman et.al have also shown that

characteristic twin orientations are retained even where the continuous TRDX mechanism

is operational in single crystal experiments[136]. In particular the basal planes in these

continuous TRDX grains have the same orientation as the parent twin which is likely

to only slightly weaken the macrotexture during recrystallisation. The situation is more

complicated in polycrystalline material however, where many authors find TDRX grains

with significantly different orientations to the parent twin [98, 124, 134]. Nevertheless

even in polycrystalline material, there are examples where characteristic twin boundaries

and orientations are maintained in recrystallised grains[135–137]. In either case, TDRX



Literature Review 49

typically nucleates non-basal textures as the contraction and double twins which recrys-

tallise usually do not have ‘basal’ orientations. In summary recrystallisation is widely

reported to nucleate within deformation twins, weakening strong basal deformation tex-

tures. TDRX is most active at lower temperatures (T≈ 473K) where twinning is active

and significant recovery within twins is possible.

1.5.2.4 Shear Band Nucleation

As discussed in Section 1.3.4 shear bands are regions of high localised strain, nucleated by

both twinning and DRX. The high stored energy of shear bands makes them ideal sites for

recrystallisation which together with their frequency means that shear band nucleation is

a very active recrystallisation mechanism in deformed magnesium [96, 101, 121, 138]. The

orientations nucleated by shear bands are complex. In cubic materials shear bands are

thought to contain crystallites with a variety of orientations which are typically reported to

nucleate weak textures [100], although some of the strong recrystallisation textures, such

as the Goss component in certain steels, are also found to nucleate in shear bands [100]. In

magnesium grains nucleated within shear bands are thought to have similar orientations to

the matrix within the shear band, although measurement of shear band textures is difficult

due to the heavy deformation within the band. Barnett et.al observe DRX grains which

nucleate within shear bands during extrusion have similar orientations to the deformation

textures predicted by crystal plasticity modelling of shear band formation [121]. In these

simulations, basal slip is expected to be the dominant deformation mode in magnesium,

aligning the basal plane parallel to the plane of the shear band. As a result, shear

band nuclei are often found to have basal planes parallel to the shear band during both

extrusion[96, 121] and rolling [99, 101]. Indeed shear band nucleation during rolling is

thought to contribute to the RD split basal texture in Figure 1.12, as during rolling shear

bands are oriented 18-35◦ to the RD [99], which would nucleate the RD texture split

if recrystallised grains nucleate within the shear bands with their basal planes parallel

to the band. Clearly to be active, shear band nucleation requires the presence of shear

bands in the microstructure. This restricts shear band nucleation to material deformed

at high strain rates and/or high strains. As shear bands form under most commercial

deformation conditions, they are a significant recrystallisation site in magnesium.

1.5.2.5 Particle Stimulated Nucleation–PSN

Localisation of deformation in the matrix can also occur as a result of the presence of par-

ticles which are stiffer than the matrix; these particles concentrate deformation by failing

to shear with the matrix creating a deformation zone around the particle. Recovery within
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Figure 1.21: a,b) Optical micrographs showing PSN within rolled magnesium sheet [141].
c) An EBSD map in Euler colouring of PSN grains nucleating within a deformed grain

in extruded magnesium WE43[142].

the deformation zone leads to development of a subgrain structure of low angle boundaries

which gradually grow into high angle boundaries enclosing the PSN nucleus[139, 140]. In

cubic materials strain concentration around particles is often greater than other points in

the matrix allowing recrystallisation by PSN to dominate recrystallisation textures. In

these systems the size and distribution of recrystallised grains is a function of particle

size and distribution[21]. PSN nuclei are widely considered to have random orientations

generated by the high levels of misorientation (up to 45◦[140]) within the deformation

zone from which the nuclei grow. Extensive PSN in cubic materials is thus reported to

weaken textures by generating recrystallised grains with random orientations. In mag-

nesium alloys while PSN is observed to occur[141–143], Figure 1.21, it is not reported

to dominate recrystallisation because of strong competition from other recrystallisation

mechanisms[144]. The other recrystallisation mechanisms are more competitive in mag-

nesium because significant strain localisation occurs at various other recrystallisation fea-

tures, such as grain boundaries, twins and shear bands. These regions prove to be more

potent nucleation sites for recrystallisation than particles meaning that while PSN does

occur, any grains nucleated by this mechanism make a relatively small contribution to

the overall recrystallised texture.

1.5.3 Factors Affecting DRX Behaviour

All of the recrystallisation mechanisms above require the presence of particular defor-

mation features such as twins, grain boundary serrations and shear bands. Deformation

conditions are therefore very significant in determining the dominant recrystallisation
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mechanism. Broadly speaking, DRX in magnesium is described in three temperature

regimes; low temperatures (< 473K), intermediate temperatures (≈473-623K) and high

temperatures (>623K)[105, 122, 123]. A schematic DRX mechanism map is presented in

Figure 1.22, it should be emphasised that this is a schematic only and exact operational

DRX mechanisms under given conditions are subject to considerable debate Figure 1.22

is merely intended to outline general trends. In the low temperature regime twinning is

very active during deformation because non-basal slip is largely inactive. The large twin

volume fraction means a large number of TRDX locations are available promoting TDRX

activity. At high strains, shear bands form and due to their high stored energy become

more favourable DRX sites. At higher temperatures in the intermediate temperature

range non-basal slip and cross slip are thought to become active, particularly at grain

boundaries, this reduces twin volume fraction and facilitates RDRX. At higher strains

(where grain boundary serrations are more common) increased recovery also promotes

SIBM. Even at these intermediate temperatures shear bands form at high strains becom-

ing the favourable DRX sites. In the high temperature regime more extensive non-basal

slip, cross slip and even dislocation climb are active allowing more extensive recovery. The

high temperatures also allow grain boundary serrations to form more easily which com-

bined with high recovery around grain boundaries activates extensive SIBM. Again shear

band formation may be possible at very high strains or strain rates, nucleating further

DRX.

Increasing deformation temperature and changing DRX mechanism also has a significant

impact on the magnesium flow stress curve. Figure 1.23 shows the flow stress curve for

magnesium in tension over a various temperatures[122]. The work hardening and sub-

sequent softening before a steady state flow stress is achieved is characteristic of DRX

during deformation[21]. The steady state flow stress is a complex balance between hard-

ening caused by dislocation accumulation and softening due to DRX. As a result the flow

stress curve is sensitive to temperature as it affects both slip system activity and which

DRX mechanism is operational. Strain rate (ε̇) is also critically important in influenc-

ing both the flow stress curves and dominant DRX mechanism, although little work has

examined the effect of changing strain rate on active DRX mechanism in magnesium.

1.5.4 Recrystallisation Textures

Regardless of which mechanism is operational the desired goal is weakening the strong

basal texture typical of rolled magnesium. All of the mechanisms described above are

expected to nucleate orientations that are slightly different to the basal orientation of

deformed parent grain. We now consider the magnitude of the texture weakening during

recrystallisation in magnesium.
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Figure 1.22: Schematic illustration of the relationship between dominant DRX mecha-
nism temperature and strain. The three DRX temperature regimes are highlighted in
red. This figure, loosely based on [122, 123], is intended as a schematic only to aid

discussion, with all indicated temperatures and strains approximate.

Figure 1.23: Figure showing the flow stress curves for pure magnesium over a wide
temperature range. The steady state flow stress characteristic of DRX is clearly observed

at temperatures above 473K[122].
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1.5.4.1 {0001} Basal Textures

Recrystallisation in magnesium occurs both dynamically during deformation and statically

post deformation. Fully recrystallised material that has undergone both SRX and DRX is

made up of recrystallised grains that have nucleated and grown under both regimes. The

ratio of SRX grains:DRX grains in the fully recrystallised material is a function of defor-

mation temperature, strain and strain rate. The recrystallisation mechanisms are similar

in both regimes with the most active mechanisms, such as RDRX and SIBM, nucleating

gains which have orientations close to the parent orientation. Resultantly the {0001}
basal texture morphology of deformed magnesium does not significantly change during

recrystallisation. However, the basal texture intensity does weaken as large numbers of

grains with slightly non basal orientations grow[145–148].

Figure 1.24a) plots basal texture intensity of AZ31 sheet rolled at 150◦C (blue) and 225◦C

(red) in the as rolled condition and after annealing for 1hr at a range of temperatures.

Both curves show a fall in texture intensity during annealing, by up to 1.6 MRD (multiples

of a random distribution) after rolling at 150◦C and annealing at 250◦C [147]. Figures

1.24b-d) demonstrate that despite the fall in texture intensity the basal texture morphol-

ogy of the deformed sheet is retained. Texture weakening is due to the consumption of

deformed grains (which have strong basal orientations) by recrystallised grains nucleated

by the mechanisms described in Section 1.5.2 (which have less strong basal orientations).

The texture intensity weakens less in the material rolled at the higher temperature of

225◦C because at this temperature more DRX occurs during rolling. Although DRX does

nucleate grains with weak basal textures many of these grains are deformed during contin-

ued processing. Once deformed, the DRX grains are rotated back into a basal orientation

negating the texture weakening effect of DRX[147]. Even where texture weakening is

observed after recrystallisation it is often a very small effect. At typical magnesium pro-

cessing temperatures > 400◦C DRX is extensive and in fact the texture is often observed

to strengthen during annealing as a result of grain growth[149]. Indeed the effect of grain

growth on strengthening basal textures is also shown in 1.24a); where the larger grain sizes

and stronger textures are reported after annealing at higher temperatures. Basal textures

appear to grow preferentially during this process slightly strengthening the deformation

texture[147, 150], however grain growth is found to have an even more significant effect

on the orientation and alignment of prismatic planes discussed in the next section.

1.5.4.2 Grain Rotation During Recrystallisation and Grain Growth

Grain growth during and after recrystallisation is associated with a rotation of the pris-

matic planes by 30◦about the 〈0001〉 axis. This phenomenon not only occurs in magnesium
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Figure 1.24: a) Basal texture intensity (solid lines) and grain size (dashed lines) as a
function of annealing temperature after annealing for 1hr of AZ31 warm rolled at 150◦C
(blue) and 225◦C (red). Basal pole figures for the material in the as rolled b,d) condition

and after annealed for 1hr at 250◦C c,e). Adapted from [147].

but is also common in many h.c.p metals [151–154]. Figure 1.25 shows the textures of an

extruded magnesium alloy recrystallised at 400◦C. Figure 1.25a) shows the as extruded

material has a fibre texture component with the 〈101̄0〉 ‖ ED. After recrystallisation the

grain orientations have rotated by 30◦giving a fibre texture 〈112̄0〉 ‖ ED, Figure 1.25b).

This rotation has not affected the orientation of the basal planes which remain at 90◦to the

ED before and after annealing. The rotation is considered to be partly due to the activity

of prismatic slip during deformation; During extrusion only the 〈101̄0〉 and 〈112̄0〉 ‖ ED

fibre orientations are stable. This is shown in Figure 1.26, where the angle (φ) between the

compression direction and [101̄0] direction is defined Figure 1.26 a) and the correspond-

ing Schmid factor for basal slip on the three prismatic slip planes is plotted for various

angles Figure 1.26 b). Slip will occur on the plane with the highest Schmid factor and

Figure 1.26b) shows there are three cases where two prismatic slip planes have equivalent

Schmid factors, φ = −30, 0,+30◦. These orientations are stable because two prismatic

slip systems operate in opposite directions cancelling each other out Figure 1.26c). For

0 < |φ| < 30 slip on one prismatic plane will be active rotating the crystal about the [0001]

axis to a stable position at +/-30◦with the 〈112̄0〉 ‖ compression direction (in extrusion

this corresponds to 〈101̄0〉 ‖ ED). So while φ = 0◦ is a stable orientation it is not possible
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Figure 1.25: Figure showing extrusion textures for magnesium AZ31 a) as extruded and
b) annealed for 1800s at 400◦C. The as extruded texture is dominated by a 〈101̄0〉 fiber

which is consumed by a 〈112̄0〉 component which grows during recrystallisation[151].

for a φ 6= 0◦ orientation to rotate towards it by prismatic slip alone [155]. As a result

during extrusion, the deformation texture is dominated by the 〈101̄0〉 ‖ ED component

however some 〈112̄0〉 ‖ ED (φ = 0◦) orientations are preserved. At the early stages of

recrystallisation both orientations are found to nucleate recrystallised grains however the

〈112̄0〉 ‖ ED orientations have been found to have a growth advantage, growing larger

and faster than the 〈101̄0〉 ‖ ED recrystallised grains [151]. The cause of this advantage is

still not completely understood. The higher boundary boundary mobility of the 〈112̄0〉 ‖
ED orientations, which have the maximum possible misorientation relative the deformed

microstructure and has a 〈101̄0〉 ‖ ED orientation may be a significant contributory factor.

As a result of the higher boundary mobility the 〈112̄0〉 ‖ ED grains grow fast causing a

rotation of 30◦ in the final recrystallisation texture because they recrystallise before the

〈101̄0〉 ‖ ED grains. The rotation of the deformation texture by 30◦ during grain growth

is also observed in rolled material[147, 152–154].

1.5.5 Summary Of Recrystallisation

In summary there are a range of active recrystallisation mechanisms operational in magne-

sium. The activity of each mechanism is strongly dependent on the deformation conditions

which control not only the number of possible nucleation sites for each mechanism eg twins

or shear bands, but also the extent of non-basal slip, which is required to varying extents

by each mechanism. Regardless of the dominant mechanism recrystallisation of magne-

sium is not associated with a significant drop in basal texture intensity needed to improve

formability. Slight texture weakening is possible if recrystallisation occurs statically as

weak basal orientations consume deformed grains with strong basal orientations. How-

ever, under processing conditions where DRX is extensive DRX grains with the weakest

basal orientations are deformed into more basal orientations during processing reducing

the texture weakening effect. Combined with the strengthening of basal textures during

grain growth recrystallisation does not significantly improve the formability of magnesium

alloys.
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Figure 1.26: Figure showing stable and unstable orientations of hcp crystals during
rolling. a) Defines the angle φ relative to the compressive direction and the [11̄00] direc-
tion. b) Plots the Schmid factor as a function of φ between -30◦ and 30◦, showing there
are three stable φ values. c) Shows schematically the three stable orientations of the hcp
crystal during rolling and indicates the direction of rotation when the crystal is in each

orientation [155].

1.6 Magnesium Rare Earth (RE) Alloys

RE elements added to magnesium typically include La, Ce, Nd, Eu, Gd, Yb and Y.

Initially magnesium was alloyed with RE elements to provide solid solution strengthening

and creep resistance [7, 156]. Weak textures and reduced yield anisotropy of RE alloys were

first reported by Ball and Prangnell [157], subsequent investigations have shown significant

improvements in ductility also occur with RE addition[141, 158, 159]. Figure 1.27 shows

flow stress curves for a series of magnesium-Gd alloys, where ductility increases from 0.06

to 0.26 engineering strain as Gd concentration is increased[114]. The improvements in

ductility are accompanied by reduced yield anisotropy,which is nearly eliminated in many

RE alloys[25, 158, 160].

Improvements in sheet formability are observed in variety of magnesium-RE alloys [111,

161, 162], in particular the ZEK100 system [111, 162] where the addition of ≈ 0.04at%

Nd raises the FLC, by ≈ 0.2 true strain, giving it a similar formability to Al 6016[110].

The improved formability is primarily attributed to the significantly weaker texture in

the RE alloy[141, 158, 159]. Weaker textures mean a larger spread of grain orientations

and so a greater number of grains favourably oriented for basal slip when the material is

strained in an arbitrary direction, increasing formability. RE addition is also associated
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Figure 1.27: Flow stress curves for a series of grain size normalised magnesium-X at% Gd
alloys in tension along the rolling direction (RD)[114]. The flow stress curves correspond
to the material textures in Figure 1.28a). Increasing Gd concentration increases ductility

as a result of weakening textures.

with increased non-basal slip (Section 1.8) which also contributes to improved ductility,

but weak textures are considered to be more significant.

1.6.1 The Rare Earth Texture

Examples of typical rolling and extrusion textures of binary magnesium-Gd alloys are

shown in Figure 1.28 (see also flow stress curves shown in Figure 1.27). Increasing the

concentration of Gd from 0-0.748 at% changes both texture intensity and morphology;

Peak texture intensity falls from 11.6 to 2.6 mrd, the strong basal texture spreads slightly

in the TD and splits into two lobes in the RD[114, 149, 158]. The RD split of the

basal texture is also observed in non-RE magnesium alloys, see Figure 1.12 and Figure

1.29a), and so is not regarded as an exclusive RE effect[25, 83, 138, 158]. The fall in

texture intensity and TD spreading of basal poles are however considered unique RE

effects[141, 149, 158]. Extrusion textures of pure magnesium and magnesium-0.243 at%Gd

are also given in Figure 1.28 b). There is a weakening of peak texture intensity and

a characteristic RE texture component is generated with the 〈112̄1〉 directions parallel

to the extrusion direction[96, 159, 163, 164]. All of these wrought textures are very

sensitive to tertiary alloying additions[158, 164, 165] and deformation conditions, including

temperature and strain rate[166].

In tertiary magnesium-X-RE systems (X=Mn[164] or Zn[158, 165]) the texture intensity is

not sensitive to non-RE alloying element concentration[167] but texture is often different

to the binary magnesium-RE case described by Figure 1.28. The effects are most striking

during the rolling of magnesium-zinc-RE (ZEK) alloys as seen in Figure 1.29, in which

the rolled texture of a magnesium 0.374 at% Zn 0.052 at% Ce alloy is split into two lobes
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Figure 1.28: a) {0001} basal pole figures of rolled magnesium-Gd alloys, showing the
weakening of the basal texture as Gd concentration increases. In each case the mate-
rial is fully recrystallised with normalised grain sizes of ≈ 10µm [114]. b) ED (extru-
sion direction) inverse pole figures comparing extrusion textures of pure magnesium and
magnesium-0.243 at%Gd, showing the unique RE extrusion texture component 〈112̄1〉

directions parallel to ED [96].

in the TD[165], the basal texture intensity is also lower in tertiary alloys in comparison

to their binary counterparts[168]. A similar spreading of the rolled texture in the TD is

reported in a variety of ZEK alloys including those containing Ce, La, Nd or Gd [141, 168].

Much of the literature focuses on explaining the RE texture weakening effects in binary

magnesium-RE alloys and it remains unclear how closely related the texture weakening

effects in tertiary alloys are.

Ca additions as low as 0.545 at% have also been reported to reduce the basal texture

intensity in binary[169] and tertiary alloys[170]. However, in these systems the reduced

basal texture intensity is not always associated with improvements in formability[169–

171]. In the magnesium-Ca alloys texture weakening has widely been associated with

increased contraction and double twinning behaviour during deformation[170, 171] and

importantly, unlike RE alloys where the RE textures only form during recrystallisation (as

discussed in Section 1.6.3), the RE textures are observed in the deformation textures of
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Figure 1.29: Basal, {0001}, pole figures for a) rolled magnesium 0.374 at% Zn and b)
rolled magnesium 0.374 at% Zn 0.052 at% Ce alloy[165]. The TD split of the basal

texture is characteristic of magnesium-RE-Zn alloys.

magnesium-Ca alloys. This suggests that texture weakening due to RE and Ca additions

may be two different effects, as the goal of this research is the production of more formable

magnesium alloys, in addition to those with low texture intensities, the focus of this review

is on RE alloying additions.

Wrought magnesium textures are not only sensitive to alloy chemistries but also deforma-

tion conditions. For example, RE textures can be deactivated during extrusion at high

temperatures (> 500◦C) restoring typical magnesium basal textures. The TD split in

ZEK alloys can also be deactivated in some cases producing a more typical RD split of

the basal texture[150, 158]. Texture weakening can even be activated in non-RE alloys in

certain deformation conditions; AZ31 produces unusually weak recrystallisation textures

during SRX if DRX is significantly suppressed[145, 148, 160] , see Section 1.5.4.1. The

weak textures in non-RE alloys are best described as weak basal textures which do not

show a significant change in texture morphology in comparison to deformation textures.

So while the RE textures formed in magnesium-X-RE tertiary alloys are clearly a unique

RE effect, owing to the characteristic TD split of the basal texture in these alloys, the

situation is less clear in the binary RE case. A TD spread in textures of rolled binary

alloys is often difficult to distinguish and the textures often appear of a weak basal type

like the non-RE cases described above, although the magnitude of texture weakening is

typically much larger in RE alloys. So there is lack of clarity in the term ‘RE texture’; in

some cases it refers to a distinct texture morphology, such as the TD split in ZEK100 or

the 〈112̄1〉 directions parallel to ED in extrusions, while in other cases it simply refers to

a significant weakening of the basal texture. Similarly the extent to which the mechanism

causing texture weakening in non-RE alloys is related to the RE texture weakening is also

poorly understood.
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Figure 1.30: Figure showing peak basal texture intensity against RE concentration, after
rolling and recrystallisation, for a number of magnesium-RE binary systems. The vertical
lines indicate the maximum solubilities of each element in magnesium and the curves, to
guide the eye, show the transition between textures occurs at a critical RE concentration
for each RE element. The critical concentration appears to scale with solubility of each
element in magnesium. Plot after Hantzsche et.al.[149] includes data from [95, 114, 149,

165] , solubilities are measured at 525◦C[172].

1.6.2 The Critical Concentration of Rare Earth

RE textures and improved ductilities are only activated once a critical threshold concen-

tration of RE has been exceeded [95, 114, 149, 163, 165]. Figures 1.27 and 1.28a) clearly

show the increase in ductility and a fall in texture intensity occur once Gd concentration

exceeds 0.117 at%[114]. A similar relationship has been found in a variety of magnesium-

RE binary alloy sheet and extrusions as demonstrated in Figure 1.30. Hantzsche et.al.[149]

observed that the critical concentration appears to be dependent on the solubility of each

RE in magnesium, the critical concentration rising with the solubility of RE. The solubil-

ities of the RE elements at 525 ◦C are plotted as a function of atomic size mismatch in

Figure 1.31, giving an indication of the potency of each RE element.

Figure 1.30 also reveals the very low concentrations of RE needed to activate a fall in

texture intensity, in the case of Ce only around 0.01at% Ce is required i.e 1 atom in

10,000. In all cases the critical concentration is below the solubility limit of the RE

in magnesium, meaning particles are not essential to activate this effect[95, 149, 163].

We make the assumption that the relative solubilities of each RE are similar at the

typical processing temperature of 400◦C (solubilities calculated for 525◦C Figure 1.31)

and that the RE’s are still in solution at these temperatures, an assumption supported

by thermodynamic calculations[95, 173].
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Figure 1.31: Plot of the solubility of each RE element in magnesium at 525◦C as a function
of atomic mismatch with magnesium[172]. Hatzsche et.al propose that lower solubility
RE elements are the most potent, requiring the lowest solute additions to activate RE

effects, in theory making Eu the most effective RE addition[149].

Continued addition of RE above the critical concentration has very little effect on texture

intensity[114, 149, 163], Figure 1.30. Despite this, Figure 1.27 shows the ductility increases

considerably from 0.13 to 0.26 engineering strain with continued RE addition[114]. This

suggests improvements in mechanical properties in RE alloys are not solely due to weaker

textures, the effect of RE additions on deformation mechanisms is discussed in Section

1.8.

As the RE textures above are measured from fully recrystallised material, there are two

possibilities for RE texture formation; RE additions change the deformation texture from

which the recrystallisation texture grows or RE elements change the recrystallisation

mechanism which forms the RE texture.

1.6.3 Rare Earth Texture Deformation or Recrystallisation Effect?

The deformation textures of non-RE magnesium 0.371 at% Zn and magnesium 0.442 at%

Zn 0.179 at% Ce after rolling at 150◦C are shown in Figure 1.32. During rolling both

alloys develop basal textures typical of rolled magnesium with the basal poles parallel to

the ND and split slightly in the RD. The RE texture only appears in the RE alloy after

annealing for 15 minutes at 400◦C where the texture weakens and splits in the TD. In

the non-RE alloy the basal texture strengthens during annealing. This example shows

the deformation behaviour of the RE alloy is very similar to that of a non-RE alloy[3]

and the deviation in texture between the RE and non-RE alloys only emerges during

recrystallisation [138, 167].
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Figure 1.32: {0001} pole figures showing the a,c) as-rolled 150◦and b,d) annealed
textures for 15 min at 400◦C of a,b )magnesium 0.371 at% Zn and c,d) magnesium
0.442 at% Zn 0.179 at% Ce. Showing that the rare earth texture only forms during

recrystallisation[138].

1.7 Recrystallisation of Rare Earth Alloys

As discussed recrystallisation can occur statically or dynamically and weak RE orienta-

tions have been observed to nucleate and grow in both regimes; RE textures are observed

in extrusions where DRX dominates [96, 163, 164, 174] (Figure 1.28b)) and after warm,

or even cold rolling followed by annealing, where SRX is dominant[95, 114, 149], Figure

1.32a). EBSD analysis of partially DRX material has found that DRX nuclei have weak

basal orientations in both non-RE [175, 176] and RE [160, 175, 176] alloys. This is shown

in Figure 1.33 where the orientations of DRX nuclei are found to be distributed about

the orientation of the parent grain. Further analysis of such EBSD data shows the unique

RE texture components such as the 〈112̄1〉 directions parallel to ED are isolated only in

the large DRX grains in RE alloys[160, 164], Figure 1.34. This segregation is not present

in non-RE alloys where the orientations of DRX grains are the same regardless of grain

size. This suggests that RE orientations preferentially nucleate and grow by a different

mechanism to that observed in non-RE alloys where no DRX orientation appears to be

favoured. This also suggests that the texture weakening, which is sometimes observed in

non-RE alloys, is caused by a different mechanism to the RE effects.

Under typical deformation conditions, where significant DRX occurs, the DRX grains

with most non-basal orientations are expected to preferentially deform during processing

due to a high Schmid factor for basal slip. These grains are rotated into a more basal

orientation as a result of the deformation. This strengthens the texture and leads to the
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dominance of basal orientations during subsequent recrystallisation and grain growth, as

DRX grains with basal orientations do not deform during DRX and therefore have low

stored energy favouring their continued growth[147, 149]. In conditions where DRX is

retarded in non-RE alloys nucleation and growth of recrystallised grains with a spread of

orientations, such as those in Figure 1.33, do not deform and are all allowed to grow stat-

ically post deformation. This weakens deformation textures by recrystallisation of weaker

basal orientations which is only possible if DRX is suppressed. In contrast formation of

weak RE texture components seems to be possible under all deformation conditions, even

where DRX is dominant. This indicates the RE texture weakening mechanism is unique

to RE alloys.

Figure 1.35 shows the extent of texture weakening during SRX of RE and non-RE al-

loys, in rolled material where DRX has largely been prevented. During SRX the texture

weakens as annealing takes place, in magnesium 1.488 at% Zn-0.174 at% Ce and AZ31

alloys texture weakening stops after around 10mins and begins to strengthen, while in the

magnesium 0.372 at% Zn-0.173 at% Ce texture weakens continually during 60 mins of

annealing. The authors attribute the strengthening in basal texture with the completion

of SRX and the onset of normal and abnormal grain growth, which they suggest favours

the growth of basally oriented grains. In the 0.372 at% Zn-0.173 at% Ce alloy basal tex-

ture does not strengthen after 60 mins of annealing as SRX was retarded and thus grain

growth has not been active for long enough to strengthen the texture [150].

Abnormal grain growth is observed in many magnesium alloys, both RE[95, 177] and

non-RE[150] magnesium. It is caused by particular grains gaining a significant growth

advantage over others during annealing. Such advantages can be gained due to the dis-

tribution and size of particles, the higher mobility of particular texture components in

strongly textured material and even restriction of normal grain growth by free surfaces in

thin sheets[21]. Recently solute drag at grain boundaries has also been associated with

abnormal grain growth[178]. The many causes of abnormal grain growth make it difficult

to associated with a particular effect and so it is not considered in detail when explaining

RE textures.

In summary RE additions form weak RE textures during both SRX and DRX[95, 96,

114, 149, 163, 164, 174]. DRX nuclei in both RE and non-RE alloys have orienta-

tions distributed about deformed parent grains which are retained in RE alloys after

annealing[160, 175, 176]. In special cases the weak orientations are retained in non-RE

alloys during SRX[145, 148], this is often attributed to retarded DRX[145, 148]. RE ad-

dition is associated with retarding DRX, as segregation of RE atoms to grain boundaries

causes solute drag [167, 175, 179], see Section 1.9. However, it must be emphasised that

while retarding DRX is considered a key requirement for RE texture formation it alone
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Figure 1.33: {0001} pole figures calculated from EBSD maps of AZ31 and a magnesium
0.202 at% Gd alloy, showing the orientations of deformed parent grains and DRX nuclei
after plane strain compression at 400◦C. In both alloys the orientations of DRX nuclei

are spread about the deformed parent grains. Adapted from Stanford[176].

Figure 1.34: Inverse pole figures relative to the ED of DRX grains of different size in
magnesium 0.445 at% Mn and magnesium 0.445 at% Mn, 0.170 at% Nd alloys. Levels: 1,
1.5, 2, 3 and 5 MUD, calculated from EBSD maps. The RE orientation (〈112̄1〉 directions
parallel to ED) is only present in larger recrystallised grains, indicating grains with this

orientation have an advantage over basally oriented grains.
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Figure 1.35: Figure showing the change in {0001} basal pole figure intensity during static
recrystallisation at 300◦C of magnesium 1.488 at% Zn-0.174 at% Ce, magnesium 0.372
at% Zn-0.173 at% Ce and magnesium 2.70 at% Al-0.372 at% Zn (AZ31) alloys after

warm rolling (300◦C)[150].

does not form RE textures, because the unique RE orientations are not nucleated in non-

RE alloys where DRX is suppressed. We now consider the nucleation mechanism of these

RE texture components.

1.7.1 Nucleation of Recrystallisation in Rare Earth Alloys

Nucleation mechanisms in magnesium alloys are described in detail in Section 1.5.2 where

grain boundaries, twins and shear bands are considered important nucleation sites in

magnesium. In particular rare earth addition has been associated with increased numbers

of twins and shear bands in the microstructure [134, 141, 148, 149, 174]. For example

rolling of RE alloys produces fewer tension twins and more compression and secondary

twins than non-RE alloys [134, 148, 149]. An increased propensity for twinning in RE

alloys has been considered to form the weak textures by TDRX nucleating the weak RE

orientations[149]. Indeed, a recent study by Molodov et.al[132] suggests texture weaken-

ing within a twinned single crystal is the result of prismatic slip within the contraction

twin, activating a continuous TDRX mechanism, see Section 1.5.2.3. However, twins are

not thought to be the exclusive source of RE nuclei, because despite similar twinning

behaviour (after identical deformation conditions) the texture of a magnesium-Gd alloy

is still found to be significantly less intense than AZ31 which produced a normal strong

basal texture[176]. Even where weak textures are produced in non-RE alloys the twinning

behaviour was no different to that observed under rolling conditions which produced the

normal strong recrystallisation textures[145].

Twinning and compression twinning in particular, have also been associated with the

localisation of strain and the onset of failure[90, 94–96], Section 1.3.4. Some argue that

compression twins in particular nucleate shear bands in magnesium, observing that a

significant proportion of shear bands have misorientations characteristic of compression
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twins[94]. The increased compression twinning in RE alloys is suggested to nucleate a

more even distribution of shear bands [94, 95, 134], Figure 1.36. More uniform shear

banding partly explains the increased ductility in RE alloys, as shear is spread more

evenly throughout the material reducing strain localisation, meaning that higher strains

can be reached before failure.

The increased density of shear bands also means that RE alloys have a greater number

of sites for shear band nucleation. The matrix within a shear band is reported to be

oriented with the basal planes perpendicular to the plane of the shear band (Section 1.3.4),

nucleating similarly oriented textures[96, 99, 101] (Section 1.5.2.4). This occurs as the

dominant mode of slip within the bands is basal slip, which aligns the basal planes parallel

to the direction of shear in the band. Stanford et.al observed this in the shear bands of

a magnesium-Gd extrusion in which the bands parallel to the ED produce the typical

magnesium extrusion texture, with basal planes parallel to the ED, while shear bands

25◦to the ED produce the RE texture extrusion component [96], see Figure 1.37. The

argument for RE texture formation by this mechanism is that RE addition retards DRX

and promotes a greater number of shear bands of different orientations which nucleate the

RE texture[96, 149]. Shear band nucleation of RE textures has also been reported by Basu

et.al. in both binary and tertiary RE alloys[168, 180]. They propose a mechanism shown

schematically in Figure 1.38 which attributes the preferential growth of RE orientations

to the high mobility of the high angle boundaries between non-basal nuclei and basal

parent grains. These boundaries are expected to be more mobile than those between

basal nuclei and basal parent grains which have low misorientation angles by comparison.

This difference in boundary mobility is suggested to be exacerbated by the pinning effect of

solutes on DRX nuclei, which retards DRX. While there is no doubt shear bands nucleate

RE textures[96, 138, 148, 168, 176] questions remain about the role of shear bands alone

in nucleating it, primarily because significant shear banding is observed in some non-RE

alloys without forming RE textures[101, 165]. Weak RE textures are also observed in

some RE alloys where shear banding does not appear to be active[95].

As discussed the deformed microstructure in RE alloys contains increased numbers of

twins and shear bands [96, 149, 174]. However, these features are not perquisites for

the RE texture, since it is not possible to produce RE textures in non-RE alloys by

promoting these features alone [145, 176], despite this both twins and shear bands do

nucleate recrystallised grains with RE orientations [96, 138, 148, 176]. To explain the

formation of these RE orientations the effects of RE addition on slip system activity must

be considered, since even if this does not change deformation texture directly, as already

discussed, it may change the recrystallisation mechanism. Particularly if RE orientations

are found to nucleate with a lower stored energy than basal orientations, as this would

provide a clear driving force for the growth of RE textures.
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Figure 1.36: Figure showing regions of high shear (red) in an EBSD map, calculated by
plotting the average misorientation of a single pixel with respect to neighbouring pixels.
a) pure magnesium and b) magnesium 0.838 at% Y after deformation of 10% strain[94].

The shear bands are less intense and more evenly distributed in the Y alloy.

Figure 1.37: Figure showing EBSD map of grains recrystallising in shear bands of an
extruded magnesium 0.24 at% Gd alloy[96]. The orientation of the shear bands deter-
mines the orientation of the recrystallising grain, Shear bands at 25◦to ED appearing to

nucleate the RE extrusion texture component.

Figure 1.38: Schematic of the mechanism proposed by Basu et.al [168]. a) nuclei of
various orientations form within shear bands, b) subgrain boundaries form within the
shear band, c) off basal orientations have a growth advantage as a result of the higher
angle boundaries between them and parent grains having a greater mobility. An effect

the authors argue is exacerbated by retarding of DRX due to solute pinning.



Literature Review 68

1.8 Deformation in RE Alloys

Deformation in pure magnesium is dominated by basal slip, which produces the typical

basal textures of wrought magnesium [181] (Section 1.4.1). Early work on RE textures

noted the TD spread of basal poles is very similar to the rolled texture of titanium and

zirconium[138], both h.c.p materials where prismatic slip is dominant[21, 182]. Natu-

rally, RE textures were suggested to form due to increased prismatic slip in magnesium.

However, because the deformation texture in RE alloys is often the same as in non-RE

alloys[3, 165, 167] (Section 1.6.3) basal slip is expected to remain the dominant system,

although, increased prismatic and pyramidal slip could still be significant in explaining

the formation of RE textures.

1.8.1 Recovery in Rare Earth Alloys

Additional non-basal slip systems are likely to change recovery behaviour and subsequently

recrystallisation mechanism. Recovery processes reduce the stored energy of a deformed

microstructure by the annihilation of dislocations and their rearrangement into subgrain

boundaries [21]. Subgrain formation has been observed in many magnesium alloys and

commonly occurs through the continuous RDRX mechanism[105, 123](Section 1.5.2.2).

RDRX is a pseudo-recovery process in which the typical nucleation and growth steps of

recrystallisation occur simultaneously forming a subgrain structure at grain boundaries.

As subgrain formation requires the activation of more than one slip system[95], this is

typically only observed at higher temperatures where non-basal slip systems are more

active[105, 122]. Hadorn et.al have postulated that increasing prismatic slip in RE alloys

may promote subgrain formation at lower temperatures, rotations produced inside the

RDRX grains nucleating the RE orientations[95]. Such a mechanism has recently been

observed within contraction twins in a single crystal study, where prismatic slip was

identified as a key factor leading to subgrain formation and subsequent texture weakening

in CDRX grains within a compression twin[132]. However increased subgrain formation

could also be attributed to higher levels of pyramidal slip, as both prismatic and pyramdial

slip offer the extra slip systems necessary for easy subgrain formation.

Recovery rates could also be significant in the formation of RE textures as recovery rate

determines the stored energy in deformed grains which is proportional to recrystallisa-

tion rate[21]. Fazadfar et.al propose that differences in stored energy between grains

of different orientation could cause grains to SRX at different rates, potentially forming

RE textures if grains with RE orientations RX faster than others[160]. The stored en-

ergy differences between orientations could be due to differences in recovery rate between

grains, non-basal slip promoting faster recovery. Fazadfar et.al observe 20 times more
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stored energy in basally oriented grains than in grains with the RE orientations between

the ND and TD (ND-TD grains), in a magnesium 0.810 at% Y alloy after a 50% rolling

reduction in a single pass at 350◦C[160]. The high energy basal grains are also observed

to contain a much finer substructure than the comparatively low energy ND-TD grains.

However, such large differences in stored energy and substructure are not always reported

in alloys with low intensity RE textures[179]. For example, Stanford finds no significant

differences in stored energy with grain orientation in a magnesium-Gd alloy, after plane

strain compression over a variety of strain rates at 400◦C [179].

Although differences in stored energy between grains of different orientations are difficult

to detect rare earth alloys are found to have a higher overall stored energy than non-RE

alloys after equivalent deformation[160, 179]. This is most probably due to retarded dy-

namic recrystallisation in these alloys (see Section 1.9). The formation of RE textures

has often been attributed to retarded recrystallisation however, higher stored energy can

lead to RE alloys statically recrystallising faster than non-RE alloys in some cases. In

these cases low intensity RE textures are still produced in the RE alloys which recrys-

tallise slower, while intense basal textures form in the non-RE alloys which recrystallise

faster[160, 179]. This suggests that retarding DRX alone is not enough to produce RE

textures, a change in deformation behaviour may also be required.

In summary changes in slip system activity are believed to be required for RE texture

formation and a number of mechanisms have been proposed by which the RE textures

form as a result. These range from non-basal slip allowing new orientations to develop

during RDRX to non-basal slip changing the recovery rate of grains by orientation. While

the currently proposed mechanisms are still speculative they depend on the extent of the

increase in non-basal slip and particularly which dislocations types are promoted, as the

orientation which develops in a deformed grain or subsequent subgrain is dependent on

the slip system operational during deformation.

1.8.2 Increasing Non-Basal Slip

The increased non-basal slip activity required for these recovery mechanisms has been

observed in TEM studies of RE alloys, showing high activities of both prismatic and

pyramidal slip in basally oriented grains[94, 183, 184, 184, 185]. However, the most

significant type of dislocation for RE texture formation is still debated. High prismatic

slip activity has been reported in magnesium-Ce alloys showing the RE texture after

rolling[183–185] and increased pyramidal 〈c+ a〉 slip has also been observed in both Ce

and Y alloys[94, 184] post rolling. In particular, in the magnesium-Y system 65% of

dislocations are estimated to be pyramidal after 3% cold rolling [35, 94]. At these low
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strains the authors found no evidence of prismatic 〈a〉 dislocations[35], which they suggest

may only become active at higher strains. The type of non-basal slip in basally oriented

grains is thus dependent on both alloying additions and the extent of deformation within

each grain. These studies have focused on grains with a basal orientation to aid comparison

of dislocation activities with non-RE alloys, dislocation activities in non-basal grains have

not been extensively investigated using TEM. It is likely that the activity of dislocations

in non-basal grains is more significant for RE texture formation as by definition these

grains have a non-basal orientations which may grow during recrystallisation. Dislocation

analysis in deformed and recovered grains with such non basal orientations is a significant

area for future investigations.

A limitation of dislocation observations in the TEM is the small areas studied. Dis-

location analysis over larger areas my be achieved using Intra Granular Misorientation

Axis (IGMA) analysis, which uses EBSD data to calculate the misorietation axis between

neighbouring points within a grain. Each slip system has a characteristic misorientation

axis, given in Table 1.4, which can be plotted on an inverse pole figure showing the dom-

inant slip system. Detailed mathematical explanations of the tool may be found in work

by Chun et.al. [29] and its application to magnesium-RE alloys by Hadorn et.al[95]. It

is important to note that only geometrically necessary dislocations (GNDs) are detected

by this method. GND’s are an indicator of dislocation activity during deformation, they

represent only the dislocations required to accommodate a given misorientation and do

not necessarily represent constituent dislocations which may be observed in the TEM[21].

Various studies have used IGMA analysis to compare the deformation behaviour of RE

alloys[95, 134, 179, 184]. In particular, Hadorn et.al compare GNDs in a series of hot

rolled magnesium-Y alloys with concentrations above and below the critical concentra-

tion. The dominant GND type changes as a function of RE concentration. Basal slip

is dominant below the critical concentration and prismatic slip is dominant above the

critical concentration[95]. Similar IGMA studies on Ce, Nd and Gd alloys show the

same increased prismatic GND content with rising RE concentration in basally oriented

grains[134, 160, 176, 177, 184]. However, the transition from a high intensity to low inten-

sity texture happens at a lower concentration than the transition in GND content[95, 177].

This suggests that a change in the dominant GND type in these basal grains is not re-

quired to activate RE effects[160, 179], but a small increase in prismatic GNDs may be

involved, which is observed as a weakening of the 〈101̄0〉 − 〈21̄1̄0〉 peak in the IGMA

plot[184], see Figure 1.39. The view that prismatic GNDs need not be dominant to acti-

vate RE effects, is supported by the observation that prismatic GND’s are also dominant

in AZ31(a non-RE alloy), which does not produce low intensity RE textures observed in

RE alloys after similar processing, plane strain compression at 400◦C and strain rates

above 0.1s−1[179].
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IGMA analysis can also compare GND content in grains with non-basal orientations,

which could be significant for the formation of RE texture if GND content was found to

be strongly dependent on grain orientation. Some studies do report such a dependence

with high prismatic GND populations in grains favourably oriented for prismatic slip and

basal GND’s in grains oriented favourably for basal slip[95, 160]. In cases where this is

observed, increasing RE content is found to increase prismatic GND populations in both

cases[95, 160]. However, a dependence of GND content on grain orientation is not found in

all IGMA analyses and it is very sensitive to the statistics of the study[177]. This makes

it difficult to determine the dependence of GND content on grain orientation however,

grain orientation does seems as important in determining the GND content as the RE

concentration in these alloys[95, 177].

The GND’s detected by IGMA analysis are present after recovery processes such as cross-

slip and dislocation annihilation have occurred[29, 95]. So, while increased prismatic

slip is detected after RE addition, the argument is merely that prismatic activity has

increased, not that it has become more active than basal slip in these alloys[95, 160, 179].

If prismatic slip were more active than basal slip a change in the deformation texture of

RE alloys would be expected, which is not observed[138].

Increased levels of prismatic and pyramidal slip are observed in TEM and IGMA studies

of RE alloys, however the most significant system for RE texture formation is still unclear.

Typically changes in the relative activities of each slip system in magnesium may imply a

change in c/a ratio [20, 181] (Section 1.2.1), which does not change significantly with the

dilute RE additions considered here[94, 186]. However, there is increasing evidence, based

on DFT simulations, that a variety of RE additions do cause a reduction in c/a ratio when

present at higher concentrations (> 6 at%) [187, 188]. c/a ratios are predicted to fall from

1.62 (pure magnesium) to < 1.59 in binary magnesium lanthanide or Y alloys where the

concentration of RE is greater than > 6 at% [187]. This is significant as a magnesium

alloy with a c/a ratio of 1.59 would be expected to behave similarly to titanium and

zirconium alloys (where prismatic slip is dominant) as these metals also have c/a= 1.59.

However, even these DFT simulations do not predict a significant change in c/a ratio at

the concentrations where RE effects are observed (c/a=1.625 at 0.926 at% Y) [188], thus

to explain changes in slip activity other solute based effects must be considered.

1.8.3 Mechanism of Increased Non-Basal Slip

Increasing prismatic slip activity has been attributed to a solid solution softening effect[95]

also observed in magnesium-zinc and aluminium solutions[34, 46, 47]. In which the large

size of solute RE additions reduces the activation energy for kinking and jogging [189, 190]
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which are required for cross slip of basal dislocations onto prismatic planes[48, 191], Sec-

tion 1.3.2 . As cross slip of basal dislocations is the main source of prismatic dislocations

a reduced activation energy for cross-slip would significantly increase prismatic slip and

therefore recovery. Indeed recent DFT modelling predicts that Y addition below 1 at%

would significantly reduce the cross-slip stress[77].

The increase in pyramidal dislocation activity has been attributed to a reduced I1 stacking

fault energy in RE alloys[188]. The reduced stacking fault energy, which has also been

predicted by ab initio DFT studies[192], results in a large number of I1 stacking faults

observed in the TEM[188]. Sandlöbes et.al suggest the sessile stacking fault, which is

bounded by 1
6 〈2̄203〉 Frank partial dislocations, forms a defect on the pyramidal plane

which acts as a source for pyramidal dislocations[188]. A reduction in SFE would there-

fore provide more stacking faults and thus more sources for pyramidal dislocations, subse-

quently accounting for a significant proportion of the increased ductility in RE alloys. A

reduced I1 SFE is predicted and observed in a variety of magnesium-RE systems including

the lanthanides, Y and Sc[187]. For a solute atom to reduce the I1 SFE a large atomic

radius (� 145pm), similar electronegativity (≈ 1.2) and bulk modulus (32 − 56GPa) to

magnesium are required. No other solute elements considered (apart from lanthanides, Y

and Sc) fulfil these criteria[187].

Stacking faults are usually thought to impede recovery by restricting glide, cross-slip and

climb of dislocations[21], which would be expected to inhibit the mechanisms of RE texture

formation by recovery discussed Section 1.8.1. However, while more stacking faults may

retard recovery on the basal plane, the pyramidal dislocations nucleated by them might

allow subgrains to rotate into RE orientations not possible with only basal dislocations[95].

Indeed significant cross-slip of these pyramidal dislocations has been observed by TEM,

which is a critical part of subgrain formation[35].

In summary there is significant evidence for solute additions changing slip system activities

in magnesium[35, 95, 160, 177, 183, 188], less clear is which of these changes are required

for RE texture formation. TEM studies on RE alloys show an increase in prismatic and

pyramidal slip in grains with a basal orientation[35, 183, 185], however neither system has

been directly associated with nucleation of RE textures. Changes to slip system activity

in non-basal grains may be more significant in nucleating RE textures but remain to be

studied with the TEM. IGMA analysis supports TEM observations of increased prismatic

slip[35], reporting prismatic GND content increases with RE addition in both basal and

non-basal grains[95, 160]. However as texture intensity falls before the prismatic GNDs

population is larger than the basal GND population[95], only a small increase in prismatic

GND content seems to be required to activate the RE effect. Indeed the role of prismatic
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Figure 1.39: Figure showing IGMA plots of basally oriented grains from a series of
magnesium-Nd binary alloys. The upper EBSD map shows the whole area and the lower
EBSD map shows only the grains considered in the IGMA plot. Increasing prismatic slip
with RE addition is indicated by a strengthening of the [0001] peak in the IPF. Figure

adapted from Hadorn et.al[177]

GND’s in RE texture formation is thrown into further doubt as similarly high levels of

prismatic GNDs are observed in non-RE alloys that do not produce the RE effects[179].

An increase in non-basal slip, particularly pyramidal slip is expected improve formability

even without weak RE textures. However, as basal slip remains the dominant deformation

mode, even in RE alloys, weakening of basal textures is also critical in explaining improved

formability. Despite the observed changes in slip system activities in RE alloys little

modelling has been attempted to predict how significant the change in deformation mode

activities could become before causing changes to deformation textures. This is an area for

further investigation as changes in slip system activity, particularly increasing non basal

slip, are also believed to cause a change in recovery behaviour leading to recrystallisation

of RE textures by a change in recrystallisation mechanism. Currently the majority of

studies have focused on basally oriented grains, however a renewed focus on deformation

in non-basal grains may be needed to observe the nucleation of RE texture component.

Of course the deformed microstructure is only preserved by the retarding of DRX in RE

alloys, retarded DRX is thus thought to be critical nucleating the RE texture[95, 176, 193].

It is thus important to consider the mechanism of retarding DRX by RE addition.

1.9 The Mechanism of Recrystallisation Retardation

Retarded DRX and a refined grain size after SRX[114, 149, 167, 176] are normally ex-

plained by a Zener pinning mechanism, in which precipitates pin grain boundaries[21].

While Zener pinning predicts the limiting grain size well in more concentrated RE alloys[177],

DRX is retarded and RE textures formed in many dilute alloys where particles are not
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found[95]. This suggests that another mechanism must operate in dilute alloys to retard

DRX. A solute drag effect, caused by segregation of RE atoms to grain boundaries has

been proposed [95, 193, 194].

Recent studies investigating the distribution of RE atoms in the matrix find there is a

strong propensity for them to segregate to grain boundaries, Figure 1.41 b). In the case

of a magnesium-Gd alloy the concentration of Gd at the grain boundaries was found to be

almost 10 times higher than in the matrix[194], similar results were found in magnesium-Y

alloys[95]. Notably, both studies find that non-RE elements, including Zn, do not show

significant segregation. This segregation has been reproduced with the Langmuir and

McLean model, which assumes that the driving force for segregation is the relaxation

of elastic stresses caused by the large size of RE atoms in the matrix[193]. The model

predicts high segregation of RE atoms and no segregation of Zn or Al to grain boundaries,

purely on the basis of size misfit between the magnesium matrix and solute atom, Figure

1.40. The propensity of each RE atom to segregate is a balance between atomic size and

solubility in magnesium. Larger atoms segregate more however, their large size reduces

their solubility meaning that there are fewer atoms in the matrix to segregate. Accounting

for both factors Gd is estimated have the potential to produce the highest concentrations

on grain boundaries (Figure 1.40).

This model can be extended to consider the effect of solute drag on grain boundaries as a

result of segregation, using the Cahn-Lücke-Stüwe impurity drag model[193]. This model

requires a knowledge of matrix and grain boundary diffusion rates, which are not known

for many RE additions apart from Y[193]. The solute drag produced by Y dissolved at its

maximum solid solubility is found to be too small to significantly retard SRX at typical

processing temperatures. DRX however, is predicted to be significantly retarded by Y

segregation. This is consistent with Stanford et.al′s [176] experimental results which show

the RE texture can emerge even when SRX is faster in a RE than in a non-RE containing

alloy. These results suggest that retarded DRX may be critical in RE texture formation.

Segregation of RE atoms to grain boundaries is a function of temperature, higher tem-

peratures reducing RE concentration at grain boundaries, reducing the drag effect[21].

Stanford et.al find that the RE texture of a magnesium-Gd extrusion reverts to a stan-

dard (non-RE) extrusion texture when extruded above 500◦C, where RE segregation to

grain boundaries drops sharply (Figure 1.41)[194]. This supports the notion that segre-

gation of RE retards DRX and this is critical to RE texture formation.

The segregation of RE atoms is not limited to grain boundaries, atom probe tomography

reveals solute atoms also segregate to dislocations[71], forming solute atmospheres around

them[195]. Cottrell atmospheres inhibit dislocation motion, raising the CRSS of disloca-

tion slip (Section 1.3.2). When segregated to dislocations the characteristic serrated flow
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Figure 1.40: Figure showing the segregation of different RE atoms to grain boundaries
predicted by the Langmuir and McLean model. a) shows segregation if the RE concen-
tration was 0.22at%. b) shows segregation of RE’s to grain boundaries if each element
were present at the maximum solubility of that element in the matrix [193]. Also plotted
is the experimentally measured Y segregation of Hadorn et.al [95] at 0.22at%, which

suggests the model underestimates propensity to segregate.

stress curve associated with DSA was observed at deformation temperatures above 200◦C,

indicating that diffusion of RE atoms to dislocations is active[71]. Dislocation drag by

RE atoms at these temperatures may retard recovery leading to a higher stored energy in

RE alloys as observed[179].

Partitioning of RE atoms to grain boundaries and dislocations is likely to do more than

simply retard recrystallisation, it might be enough to change the dominant recrystalli-

sation mechanism entirely[95, 193, 194]. Hadorn et.al note that solute drag is likely to

restrict recrystallisation by strain induced boundary migration(SIBM) significantly more

than by RDRX[21, 95]. As SIBM requires the bulging of prior grain boundaries to nucle-

ate recrystallisation[21], which would be retarded by solute drag. Basu et.al. also propose

RE texture formation is favoured due to solute drag[168], the mobility of low angle bound-

aries between recrystallising grains with a basal texture and basal parent grains is further

slowed relative to the growth of recrystallising grains with a non-basal orientation due to

boundary pinning. In both mechanisms solute drag may be critical in RE texture for-

mation restricting recrystallisation by normal mechanisms which produce basal textures,

thus allowing alternative recrystallisation mechanisms to produce RE textures.
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Figure 1.41: a) Figure showing the intensity of the RE texture component (blue) and
the normal magnesium component (red) of magnesium-0.234at% Gd alloy extruded at
different temperatures. b) The concentration of Gd at grain boundaries at each extrusion
temperature, measured by EDS in the TEM. The grey region indicates the transition

temperature above which RE effects deactivate [194].

It should also be noted that tertiary magnesium-X-RE alloys, with RE concentrations

typically > 1at%, RE and non-RE solutes are found to form Long Period Stacking Ordered

structures (LPSO phases) within the matrix[196–198]. LPSO phases are not reported in

the very dilute alloys considered here and neither are the fine particles reported in many

similar creep resistant alloys[199] of even higher RE concentration. The dilute RE textures

discussed here are not thought to be related to these phases typical of alloys with much

higher RE concentrations. However, co-segregation of RE and smaller non-RE atoms

(eg Zn and Al) reported in these higher concentration tertiary alloys[197, 199] is likely

to be active in the dilute tertiary alloys discussed here such as ZEK100. Segregation of

Zn and Nd atoms in the matrix is suggested to reduce the elastic strain fields created

by both solutes, as Zn atoms, with a radius of 0.134 nm, are smaller than magnesium

atoms (0.150 nm) creating a negative strain field which is relaxed by the positive strain

field created by Nd atoms (0.185 nm) which are larger than the magnesium matrix[168].

While this co-segregation of solute atoms is likely to occur in very dilute tertiary RE

alloys the significance of this effect in producing RE textures, particularly the TD basal

texture split (Figure 1.29), is not yet understood.
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In summary RE atoms strongly segregate to dislocations and grain boundaries[95, 194].

This is consistent with a simple model that predicts RE elements segregate more strongly

than non-RE atoms as a result of their large atomic size, causing misfit strains in the

matrix, which are relived as the atoms diffuse to boundaries[193]. It is suggested segre-

gation to boundaries retards DRX by grain boundary drag[95, 193]. Modelling suggests

that the potential for segregation and thus ability to retard DRX is a balance between

atomic size and solubility of RE in magnesium. Larger RE elements may segregate more

strongly, but lower solubilities of these large atoms limit the maximum grain boundary

concentration[193]. The observation that the RE texture disappears at high extrusion

temperatures is consistent with the predicted loss of segregated solute from those bound-

aries at high temperatures[194]. This suggests that suppression of boundary migration by

segregation is a necessary condition to produce the RE texture[95, 193, 194]. The impor-

tance of segregation is also suggested by the observation that the RE effect is activated

at very low levels of solute addition[149], since through this effect the local concentration

of RE (eg on grain boundaries) may be an order of magnitude greater than the average

atomic concentration. Importantly however, no high resolution TEM studies have been

carried out on this segregation effect to indicate how segregation occurs; do RE atoms

exist as a mono-layer or in clusters at grain boundaries for example? Work such as this

might help us to understand fundamentally why RE atoms have these effects, is their large

size or electronic structure most significant? Current modelling of segregation is based

on large atomic size causing RE atoms to distribute as a mono-layer at grain boundaries,

if the predictions of RE segregation are accurate it suggests that the size of RE atoms is

their most significant property.

1.10 Summary

Very small concentrations of RE elements are found to significantly weaken strong defor-

mation textures in wrought magnesium [149]. Weak textures lead to increased formability

and reduced anisotropic properties greatly increasing the applications of magnesium al-

loys. A critical concentration of RE is required to activate these effects which appears

to be a function of RE solubility in magnesium, more soluble elements requiring higher

RE concentrations [149]. Although the link between critical concentration and solubility

has not been tested in RE elements such as Eu which have extremely low solubilities in

magnesium, offering the possibility of weak RE textures requiring ultra low RE concen-

trations.

RE additions also increase the activity of non-basal (prismatic and pyramidal) slip systems

which contribute to the improved formability of RE alloys [35, 95]. However, basal slip
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remains the most active deformation mode as deformation textures in RE alloys are

typically the same as non-RE magnesium alloys [138]. A reduced cross-slip stress of basal

dislocations onto prismatic planes has been proposed to account for increased prismatic

slip [95]. While a reduced I1 stacking fault energy is suggested to increase the number

of I1 stacking faults which nucleate increased pyramidal dislocations [188]. The relative

contribution of prismatic:pyramidal slip in RE alloys remains poorly quantified as does

the mechanism linking changes in slip system activity with RE texture formation.

The weak RE textures form during both SRX and DRX of the deformed microstructure

and these weak textures thought to contribute at least as much as increased non-basal

slip to improved formability of RE alloys. The deformed microstructure in RE alloys is

reported to contain significantly larger numbers of compression twins and shear bands than

non-RE alloys. Higher numbers of compression twins are reported to nucleate many of the

increased number of shear bands[94]. Recrystallisation nuclei with RE orientations are

observed to nucleate at both shear bands and twins however, neither feature is thought to

exclusively nucleate RE texture components[96] because shear bands and twinning may

be promoted in non-RE alloys without nucleating the characteristic RE textures[176].

Texture weakening during SRX is possible in non-RE alloys where DRX is suppressed

however, this does not produce characteristic RE orientations such as the TD split in

the basal texture of rolled material. Also in these non-RE alloys weak textures are not

observed during DRX [145], so while retarding DRX does cause some texture weakening

it alone does not explain RE texture formation.

Despite this RE addition is found to retard DRX and this is believed to be critical in ex-

plaining RE textures[179]. Retarded DRX raises stored energy in the microstructure which

could increase the activity of recovery processes changing recrystallisation mechanism. In

particular the activity of continuous recrystallisation mechanisms, such as RDRX, might

increase with RE addition as they require the formation of a subgrain structure which is

facilitated both by retarded DRX and increased non-basal slip. The RDRX mechanism

could nucleate RE orientations by differences in recovery rates between deformed grains

of different orientations or due to the new rotations possible during RDRX as a result of

high levels of non-basal slip[95]. Currently such a mechanism is still speculative and its

increased activity has not been directly reported in RE alloys. This is partly as many

studies focus on partially DRXed material where many of the RDRX nuclei may already

have nucleated or been consumed making their identification difficult.

Retarding DRX has been associated with the segregation of solute atoms to grain bound-

aries [194] which reduces grain boundary mobility by a solute drag effect[193]. Segregation

of RE atoms to grain boundaries is directly associated with RE texture weakening as at

high temperatures, where solute segregation is reduced, RE textures are deactivated[194].
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Basic modelling of this effect has suggested that the solute drag on boundaries is enough

to retard DRX but not SRX, exactly as is observed and hence the importance of retarded

DRX on RE texture formation is highlighted.

Solute drag on grain boundaries is also thought to be important in determining the most

active RX mechanism, as it is likely to retard some recrystallisation mechanisms more

than others[95]. For example SIBM, which requires the bulging of prior grain boundaries,

may be inhibited by solute drag more than other mechanisms such as RDRX. If the in-

hibited mechanism typically nucleates basal orientations common in wrought magnesium,

inhibiting it could allow other RX mechanisms to nucleate the RE orientations. While

there is significant experimental evidence showing the segregation of RE atoms to grain

boundaries the resolution of these studies is too low to determine the extent of atomic

segregation[95]. For example, are RE atoms evenly distributed over tens or hundreds of

nm, do they exist in a mono-layer at the boundary or in small clusters. An understanding

of the exact nature of atomic segregation is vital in accurately modelling the effects and

could be vital in understanding the critical concentrations of each RE required for texture

weakening.

In summary RE textures nucleate during recrystallisation and appear to form as a result

of a combination of retarded DRX and an increase in non-basal slip. Both effects are likely

to affect the dominant RX mechanism in magnesium in different ways. Retarded DRX by

solute drag raises stored energy in the microstructure possibly increasing the activity of

recovery processes in magnesium, with solute drag likely to retard some DRX mechanisms

more than others which may promote the RX mechanism forming RE textures. Increasing

non-basal slip meanwhile is also likely to affect recovery by promoting the formation of a

subgrain structure such as that required for RDRX, which could lead to the nucleation of

RE orientations. Fundamentally the mechanism of RE texture formation is still unknown

as is the critical feature of RE atoms that cause this effect. Isolating this feature, eg

atomic size, is vital in leading alloy design towards a class of magnesium alloys with RE

textures but with the lowest possible concentrations of RE. In order to isolate this feature

the mechanism by which RE textures form must be understood. The aim of this thesis is

to understand the critical parameters in RE texture formation and define the mechanism

by which it occurs.

1.11 Focus of the Thesis

Currently the recrystallisation mechanism leading to the formation of RE textures is

very poorly understood. The focus of this thesis is developing a better understanding of

this mechanism and in particular presenting with greater clarity the differences between
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texture weakening in binary magnesium-RE alloys and tertiary magnesium-RE-Zn alloys.

The binary alloys produce what is best described as a weakened deformation texture

during recrystallisation while the ZEK alloys form a unique split of the basal texture in

the TD after rolling and subsequent recrystallisation. Currently the relationship between

the recrystallisation mechanism in each case is not understood and it is not known if the

Zn additions lead to a completely different ‘RE effect’.

The critical concentration of RE required to activate texture weakening effects in binary

alloys is also investigated, since this quantity is likely directly related to the mechanism

of texture weakening. Hantzsche et.al [149] propose this concentration is a function of

the solubility of each RE in magnesium, this hypothesis is tested by developing a range of

magnesium-RE binary alloys with borderline critical concentrations of RE. These alloys

are then hot rolled allowing the extent of the RE effects in these alloys to be quantified.

In this study static recrystallisation after cold rolling is used to examine the recrystalli-

sation mechanism in both groups of alloys. The majority of studies to date have char-

acterised SRX behaviour in partially dynamically recrystallised hot rolled material. The

partial DRX makes it very difficult to characterise the recrystallisation mechanism as in

many cases subsequent SRX is primarily the growth of DRX nuclei and grains. Observa-

tion of SRX after cold rolling decouples the effects of dynamic recrystallisation and allows

the observation of nucleation and growth of RE orientations from the deformed material.

Studying cold rolled material should also offer a good opportunity to quantify the extent

of texture weakening possible in non-RE alloys after cold rolling. The similarity of the

texture weakening effect in cold rolled RE and non-RE alloys can then compared. Indeed,

characterising the extent of texture weakening possible during cold rolling of non-RE

alloys is critical because it is likely that the same mechanism exacerbates ‘RE texture

weakening’ in cold rolled RE alloys.

Finally the segregation of RE atoms to grain boundaries is also believed to be critical in

facilitating the RE effects, however to date only low resolution quantification of this effect

is available. In this work high resolution TEM and EDX are used to quantify the extent

of RE segregation to grain boundaries and characterise the morphology; are RE atoms

present in clusters or in an evenly distributed mono-layer for example. Such experimental

quantification is needed to allow validation of future modelling which although not the

subject of this work is needed to determine the critical parameter required by RE atoms

to form RE textures.
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Experimental Methods

2.1 Alloy Casting

All alloys were provided by Magnesium Electron USA, the commercial alloys AZ31 and

ZEK100 were cast and rolled on an industrial scale. They were received as sheet 1.2

and 2.49mm thick respectively. A series of binary magnesium-RE alloys were also custom

made for this study all received in the cast condition. Compositions are given in Figure 2.0

and Table 2.3 as measured by ICP-AES (Inductively Coupled Plasma-Atomic Emission

Spectroscopy) which was carried out commercially by London & Scandinavian Metallurgi-

cal Co Limited. This technique measures compositions to an accuracy of 50ppm (5×10−3

at%). Semi-quantitative X-Ray Florescence (XRF) was also used to quantify the extent

of impurities in the castings, which were found to be relatively low, Table 2.2.

2.2 Rolling

A series of rolling experiments were carried out on the as cast material at 400◦C. In each

case the cast alloy was solution heat treated at 550◦C for 16hrs in an argon furnace followed

by quenching prior to rolling. This temperature is very close to the solidus temperature

of the alloys in question [7]. The alloys were sectioned into billets of 20x55x100mm and

heated to rolling temperature for 20 minutes in a preheated furnace prior to rolling. Hot

rolling trials were carried out at 400◦C to a final strain of εT = −1.4 in passes of εT=-0.2

at a roll speed of 6 m/min on lab scale rolls; reductions are accurate to approximately

+/- 0.1mm. The temperature was maintained between passes by a 5 minute reheat to the

rolling temperature and the material was quenched within 5s of the final pass to preserve

the deformed microstructure.
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2.3 Alloy Compositions

A series of binary magnesium-RE alloys were commissioned in order to investigate the

effects of RE concentration and changing RE element on wrought magnesium textures.

The concentrations of RE as measured by ICP-OES are plotted in Figure 2.0 and listed in

Table 2.3, compositions of each alloy are plotted relative to the solubility of the RE alloying

element, as this is believed to be significant in determining the critical concentration of

RE needed to activate RE effects. In all cases alloy compositions were targeted below the

solubility limit of each RE in magnesium to avoid the precipitation of particles, however,

especially in the highly insoluble systems, this was not always possible. Table 2.2 shows

the compositions of some of the alloys as measured by XRF, illustrating the binary alloys

contained very few contaminants.

Compositions were chosen based on the solubility of each RE in magnesium, Figure 2.1 a).

In particular magnesium-Y and magnesium-La systems were investigated as they represent

high and low solubility RE elements. A range of compositions about the solubility limit

of Y and La in magnesium were chosen to investigate the dependence of RE effects on the

solubility of RE element Figures 2.0 a) and c). Yb and Eu alloys were also investigated as

both elements have large atomic size however, Yb has a high solubility in magnesium and

Eu has a low solubility. These alloys give a measure of the influence solubility has on the

critical concentration of RE. The remaining alloys Ce, Gd and Nd were chosen to provide

a comparison with literature results, in particular the magnesium-Nd alloy was chosen to

provide a comparison with ZEK100, a commercial Nd-Zn containing magnesium alloy. To

evaluate the RE effects each RE alloy was hot rolled under conditions similar to those in

the literature which produce RE texture weakening.

2.4 Optical Microscopy

Optical specimens were prepared using a standard mechanical grinding and polishing

process, finished by polishing with water free fumed silica with a nominal particle size of

0.01µm. Samples were etched using an Acetic-Picral acid etchant (5mL Acetic Acid, 6g

Picric Acid, 10mL Water and 100 mL Ethanol) to reveal the microstructure. Images were

taken using cross polarised light which colours grains by orientation, making them easier

to differentiate.
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(a) Solubilities of RE elements in magnesium.
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Figure 2.1: Figure showing a) the solubility of each RE element in magnesium [172] and
b) the concentration of Gd in the DF014 alloy.

Table 2.1: Compositions of the range of binary magnesium-RE alloys measured using
ICP testing.

Code Element Concentration at% Concentration wt%

DF02 Ce 0.0349 0.201
DF03 La 0.0050 0.030
DF04 La 0.0170 0.099
DF05 Yb 0.0210 0.149
DF06 Y 0.0120 0.045
DF07 Y 0.0090 0.033
DF08 Y 0.0010 0 .005
DF09 Eu 0.0008 0.005
DF013 Nd 0.0243 0.144
DF014 Gd 0.0224 0.145
DF015 Ce 0.0009 0.005
DF016 La 0.0377 0.215
DF017 Y 0.0797 0.291
DF018 Y 0.2022 0.736
DF019 Y 0.1774 0.646
DF020 Y 0.1523 0.555
DF021 Y 1.9614 6.820
DF022 Y 1.1174 3.970

ZEK100 Nd 0.0351 0.208
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(d) DF13 and ZEK100 (Dashed)
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Figure 2.0: Figure showing the concentrations, in at%, of each binary magnesium-RE
alloy in the study. The Nd concentration of the commercial ZEK100 alloy is also included.
For reference the solubility of each RE in magnesium is included with the relevant element

highlighted.
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Table 2.2: Compositions of RE alloys in wt% as measured by XRF and Ni compositions
of two alloys measured by ICP-OES.

Alloy La Y Nd Ce S K Fe Nb Zr Zn Ni

DF002 0.27 0.01
DF004 0.11 0.02 0.02 0.05
DF021 6.22 0.01 0.08

ZEK100 0.26 0.30 1.87

DF20 (ICP) 20ppm
DF13 (ICP) < 20ppm

2.5 Scanning Electron Microscopy (SEM)

Samples were prepared for scanning electron microscopy (SEM) as for optical microscopy.

The primary SEM technique used in this work was electron backscatter diffraction (EBSD),

for which specimens also received an additional electropolishing step in a solution of 175mL

ethanol and 75mL of nitric acid at -25◦C. Each specimen was electropolished in this solu-

tion at 12V for 5-10s, removing the surface layer of material, providing a smooth surface

for analysis. For both imaging and EBSD three microscopes were used; FEI Sirion, Cam-

Scan and FEI Magellan.

2.6 Electron Backscatter Diffraction (EBSD)

EBSD is an SEM technique used to identify the orientation of each point on a poly-

crystalline surface as the electron beam rasters over it. Automating the process allows

thousands of points to be collected in a single map giving information on the microstruc-

ture of the material and defining the orientation of each point.

To acquire the map the specimen is tilted to 70◦ within the SEM chamber projecting an

electron diffraction pattern onto an appropriately situated EBSD detector, Figure 2.1a).

The diffraction pattern is produced as a result of inelastic scattering of electrons at the

sample surface, which effectively creates a source of electrons with a range of wavelengths.

Diffraction occurs when particular combinations of wavelength and plane satisfy the Bragg

equation

nλ = 2d sinθ, (2.1)

where n is an integer, λ is the wavelength of the incident electrons, d is the atomic

spacing of planes hkl and θ is the angle of incidence between the beam and the plane.

Where the Bragg equation is satisfied diffracting beams constructively interfere producing

a Kikuchi band. Each type of plane produces a Kikuchi band with a different orientation,

multiple planes diffracting at the same time produce a pattern which is characteristic
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of the material crystal structure known as a Kikuchi pattern (Figure 2.1b)) consisting

of a band for each diffracting atomic plane. The Kikuchi pattern allows the orientation

of the crystal to be determined by matching the section of the pattern measured to a

theoretical pattern for a particular orientation. This process is computer automated

and occurs for each raster point producing a map composing thousands of orientations

defining the material microstructure. EBSD data was acquired using the AZtecHKL

software. Optimum SEM variables for EBSD change between specimen and machine

however, typically an accelerating voltage of 20 kV, spot size of 4 and working distance

of 10mm were used.

2.6.1 Processing EBSD Data

EBSD data has been processed using the HKL Channel5 software, the data can be pre-

sented in a variety of ways, here we primarily use three methods, colouring by inverse

pole figures, kernal average misorientation (KAM) and band contrast;

Inverse Pole Figures: In this scheme each pixel is coloured based upon the orien-

tation of the point as plotted on an inverse pole figure. Each vertex of the IPF is coloured

red, green and blue as in Figure 2.2. In this work the rolling direction (RD) is chosen as

the reference direction of the IPF unless otherwise stated. Maps with IPF colouring allow

the orientation of each grain to be determined.

Kernel Average Misorientation: An alternative method of colouring pixels is to

calculate the kernel average misorientation surrounding each one. In other words the

misorientation of the central pixel with respect to each of the eight surrounding pixels in

a 3×3 grid around the central pixel is calculated. The average of these eight misorienta-

tion angles gives the kernel average misorientation for the central point. The KAM value

is plotted for each orientation in the map and colouring is based upon the magnitude of

this value. KAM maps are useful for inferring the magnitude of stored energy at specific

points in the microstructure, large misorientations are associated high dislocation densi-

ties and therefore high stored energies.

Band Contrast: Band contrast maps colour each pixel, typically in grey scale, based

upon the magnitude of the average contrast between the Kikuchi bands and background.

The band contrast is measured automatically during the acquisition process. Band con-

trast maps are useful for clearly identifying microstructural features, often appearing

similar to optical micrographs of the material.
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(a) (b)

Figure 2.1: a) Schematic of specimen producing an Kikuchi patterns b) Figure showing
an indexed Kikuchi diffraction pattern, the red lines indicate the fit of the measured

pattern to a theoretical pattern[200].

Figure 2.2: Inverse pole figure defining the colour of each orientation in an IPF coloured
EBSD map.

In addition to these colour schemes, grain boundaries are plotted as black lines and de-

fined by misorientations between grains of > 10◦. The characteristic twin boundaries

are also highlighted in some band contrast maps; tension twins (red), compression twins

(blue) and double twins in (green). The characteristic misorientation angles and about

the 〈12̄10〉 axis for each twin system are given in Table 1.5. A tolerance of 5◦ about

the axis and 10◦ about each characteristic misorientation is allowed. Both compression

twinning systems have very similar characteristic misorientations, 56◦and 54◦, and cannot

be reliably distinguished and both are indicated with a blue colour. Similarly, the double

twinning systems have similar characteristic misorientations of 22◦ and 38◦, so both of

these systems are coloured green.

Finally pole figures of the EBSD data were plotted using the Channel5 software in which

contouring was generated from each raw data point by applying a bell shaped curve with

a half width of 20◦and data clustering of 5◦, {0001} and {101̄0} pole figures are presented.
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2.7 Texture Measurement by X-Ray Diffraction

Macro-textures were measured by X-Ray diffraction using a Bruker D8 Discover diffrac-

tometer. Samples were ground and polished as for optical microscopy to remove the

deformed surface layer prior to texture measurement. The {101̄0}, {0002}, {101̄1} and

{101̄2} pole figures were measured, background corrections were made by measuring the

background intensity either side of each reflecting peak and dynamically deducting the

interpolated value from the peak intensity. Pole figures were combined to generate an

orientation distribution function (ODF) using the MTEX texture analysis package [201]

by a process known as pole figure inversion. There are a large number of pole figure in-

version methods which approximate the ODF using a set of experimental pole figures. In

MTEX the ODF is discretised by a linear combination of up to 100,000 radially symmetric

bell shaped functions. Once the ODF has been approximated, fast Fourier techniques are

applied to compute recalculated pole figures from the discretised ODF [201]. It is these

recalculated pole figures that are presented in this work.

2.8 Transmission Electron Microscopy

Unlike scanning electron microscopy where the electron beam scans the surface of a speci-

men transmission electron microscopy (TEM) is a technique in which the electron beam is

transmitted through the sample. In this work, scanning transmission electron microscopy

(STEM) was used together with energy dispersive X-Ray (EDX) spectroscopy in the FEI

Titan microscope. In STEM imaging, the instrument is set to focus a probe on surface of

the specimen which can be rastered across the specimen surface in much the same way as

in the SEM, although in STEM the beam is transmitted through the sample. A wide range

of imaging can be carried out in this mode in this work the High Angle Annular Dark

Field (HAADF) detector was mainly used. HAADF imaging detects electrons that have

scatted through large angles as a result of a collision with an atomic nucleus (Rutherford

forward scattering) with the scattering angle a function of the atomic number squared

(Z2) of the scattering nucleus.

STEM combined with EDX spectroscopy allows extremely high resolution chemical data

to be extracted and correlated with HAADF images. EDX exploits the characteristic X-

ray wavelengths emitted by atoms which are exited by the incident electron beam. These

X-rays can be detected at each point producing a spectrum of energies. The presence

of an element can be identified by the presence of its characteristic wavelengths in this

spectrum and the concentration of each element relative to the others can be estimated by

the intensity of each characteristic peak using the Cliff-Lorimer method. In this method
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Figure 2.3: Schematic FLD with the principle strain states indicated.

the concentration of each element in the measured area is described as a function of

the relative intensity of each characteristic peak weighted by a factor known as the Cliff-

Lorimer factor (k). This factor is a function of a variety of factors including the absorption

cross-section of each element and machine variables including accelerating voltage[202].

In this work EDX analysis was carried out using the Bruker QUANTAX software. EDX

data was aquired using an accelerating voltage of 200kV, beam current of 500pA and a

dwell time of 30µs was used on each raster point. Samples were prepared by mechanical

grinding to 150µm followed by dimple grinding to ≈ 20µm. The precision ion polishing

system was then used for 20 hr at 4kV and an incident angle of 6◦, to form a small hole

in the centre of the specimen.

2.9 Generating a Forming Limit Diagram

The formability of sheet material can be measured using a forming limit diagram or FLD.

FLDs are produced by deforming a series of samples to failure in a variety of different

strain conditions, from biaxial tension to uniaxial compression, Figure 2.3. The strain

to failure is measured in the sheet plane with the primary strain direction ε1 parallel

to the gauge length and the minor strain direction ε2 parallel to the gauge width of

the specimen, Figure 2.4a). There are a variety of forming limit tests available, in this

work the Nakazima [203] test has been used with a hemispherical punch Figure 2.4a) and

specimens with a curved gauge length Figure 2.4b).

FLDs were measured for ZEK100 with a sheet thickness of 2.5 mm and gauge length of

50mm. The strain state at failure is varied by changing the gauge width of the specimen,

in the present case the gauge width of the specimen was varied from 4.5 mm to 120mm. A

gauge width of 120mm represents biaxial tension. All experiments were carried out with

the major strain axis ε1 parallel to the TD. The die was lubricated using a thin disk of
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(a) (b)

Figure 2.4: a) Schematic diagram of forming press with hemispherical punch. b)
Schematic diagram of a Nakazima specimen.

PTFE and machine oil. Specimens were clamped with a force from 20-50 kN depending

on specimen size and deformed with a ram speed of 10 mm s−1.

The strains at failure were measured using a digital image correlation (DIC) system on

an Erichsen forming press. In DIC the position of surface features on the specimen are

tracked in a series of images taken throughout the deformation, the relative movements

of these features can be used to generate a 3D strain map of the specimen surface. In this

case, specimens were spray painted with thin layer of white primer and then ‘speckled’

with black paint, allowing accurate tracking of the surface shape at high resolution. The

DaViz system used a pair of CCD cameras mounted above the forming press with an

acquisition frequency of 2 Hz. The strains at failure were then measured using the digital

image correlation technique.

2.9.1 Digital Image Correlation

Image correlation is a process of correlating features in two images (before and after)

deformation. In this case the aim is to quantify how macroscopic strain is discretised

during deformation. As discussed, the specimen is covered in speckle pattern which pro-

vides contrast in the image of the specimen surface. Various algorithms are available for

carrying out the correlation process, here an algorithm developed by LaVision which uses

fast Fourier transforms to compare and correlate subregions within each image was used.

Subregions are selected to contain a number of features, which may be used to uniquely

identify the region. The optimum size of a feature is 3x3 pixels and a subregion of 32x32

pixels [204]. The size of the subregion is a balance between being large enough to contain

enough features to make it unique and small enough to preserve the assumption that

strain within the subregion is negligible. In this study a subregion size of 32x32 and an

overlap of 30% is used. The DaViz algorithm iteratively searches the after image for the
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same subregion found in the before image, the subregion box is allowed to translate, rotate

and deform to generate the best match in the after image. This allows the displacement

between the two regions to be quantified between time steps t and t+ δt, thus a displace-

ment field for the entire sample at each time step can be calculated. A corresponding

strain field can then be generated using the relation

ε =
du

ds
(2.2)

where u is the displacement vector from frame t to t+ δt and s is a spatial direction. The

ε1 and ε2 values can then be extracted from the strain field in the image frame prior to

failure of the test specimen.

In this study 3D DIC was used due to the 3D nature of the hemispherical punch. In 3D

DIC two CCD cameras both of which have known positions in relation to the specimen

surface are used. Similar correlation algorithms to 2D DIC are used to determine the

surface height of the specimen at each time step by correlating subregions of the sample

observed in each camera. Then regions of the specimen surface are correlated between

time steps to generate a 3D displacement map of the surface from which a strain map

can be generated as discussed above [205]. Full details of this method are given elsewhere

[204–207].



Chapter 3

Results

3.1 Hot Rolling

Initially all experimental magnesium-RE alloys were hot rolled at 400◦C and annealed for

an hour according to the conditions described in Section 2.2. Under these conditions the

RE effects should be active allowing a comparison of these effects between each alloy.

3.1.1 Magnesium-Y Alloys

Y has a high solubility in magnesium and as Figure 2.0 c) shows the Y alloys have spread

of compositions from almost pure magnesium to the solubility limit of Y in magnesium.

Representative microstructures and {0001} pole figures of the as rolled and annealed

magnesium-Y binary alloys are shown in Figure 3.1. After hot rolling all alloys showed

a strong basal texture typical of magnesium, with basal planes parallel to the sheet ND.

After full RX during a 1hr heat treatment at 400◦C the more concentrated alloys (Y> 0.15

at%) showed significant texture weakening, with the most concentrated alloy 0.2022 at%

Y showing the largest fall in texture intensity of 9 mrd. This texture weakening during

annealing is characteristic of the RE texture weakening reported in the literature, Section

1.6.1. Alloys below the critical Y concentration (0.009 and 0.0797 at% Y) demonstrated

only a slight texture weakening or strengthening during annealing. The most dilute alloy

0.009 at% Y presented basal textures much stronger than any other alloy primarily due to

the significantly larger grain sizes in this material, Figure 3.1 a). Basal texture strength

vs Y concentration of the alloys produced in this work against literature values is plotted

in Figure 3.3, showing the behaviour of the present alloys is quite consistent with the

literature. Representative {101̄0} prismatic pole figures for the 0.0797 at%Y and 0.1523

at% Y alloys, which are below and above the critical RE concentration respectively, are
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shown in Figure 3.2. In the as rolled condition, the prismatic textures are very weak (×2

mrd) showing only very slight peaks with 〈011̄0〉 parallel with the RD. After RX there

is very little change in the texture of either alloy. RE texture weakening is clearly most

significant in spreading {0001} textures in magnesium alloys.

Most of the deformed microstructures are typical of magnesium showing heavily deformed

material where shear bands are prevalent. The lowest concentration alloy (0.009 at%

Y) has a quite different microstructure with large grain size and significant mechanical

twins visible. Negligible alloying additions in this case are believed to lead to significant

recrystallisation and grain growth during reheating processes between each rolling pass.

Small RX grains visible in the low concentration alloys such as 0.0797 at% Y, may also

have formed during reheating processes although it is not possible to distinguish such SRX

grains from DRX grains formed (and deformed) in the final rolling pass. Low magnification

images of shear banding in the highest and lowest concentration alloys are shown in Figure

3.4, demonstrating the significant difference in behaviour as a result of Y addition. In the

low concentration 0.009 at% and 0.0797 at% Y alloys, small numbers of relatively large

shear bands are observed while in the more concentrated 0.2022 at% Y alloy (showing RE

effects) large numbers of smaller shear bands are visible. This more even distribution of

smaller shear bands is a characteristic effect of RE additions as discussed in Section 1.7.1.

3.1.2 Magnesium-La Alloys

La alloys were chosen because La has a low solubility in magnesium (0.006 at%), as the RE

effect is a solute based effect we are primarily interested in alloys with La concentrations

below the solubility limit of La in magnesium. However, the La concentration of such

alloys is so low that we were unable to produce such dilute alloys. As a result all La alloys

have concentrations above the La solubility limit Figure 2.0 c). At such concentrations La

precipitates are likely to form even in the most dilute alloy (0.005 at% La), depleting the

matrix of solute La. As the RE effects are known to be solute based this may limit the

effectiveness of La as a texture weakener. Figure 3.5 shows the basal {0001} pole figures

of the as rolled and annealed La alloys. As expected, all alloys show strong basal textures

after rolling, these textures weaken by ×2−3 mrd after full recrystallisation. Interestingly,

in the more concentrated La alloys the texture weakens less than in the most dilute alloy,

this could be due to a lower matrix La concentration as a result of increased precipitation

in this alloy. Figure 3.6 shows the prismatic pole figures for two of the La alloys after

hot rolling and annealing. Like the Y alloys the prismatic texture is not greatly affected

during annealing, showing a negligible fall in texture strength.
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(a) DF07 0.009 at% Y As
Rolled

(b) {0001} As Rolled (c) {0001} 60 min at
400◦C

(d) 0.0797 at% Y As
Rolled

(e) {0001} As Rolled (f) {0001} 60 min at
400◦C

(g) 0.1523 at% Y As
Rolled

(h) {0001} As Rolled (i) {0001} 60 min at
400◦C

(j) 0.1774 at% Y As Rolled (k) {0001} As Rolled (l) {0001} 60 min at
400◦C

(m) 0.2022 at% Y As
Rolled

(n) {0001} As Rolled (o) {0001} 60 min at
400◦C

Figure 3.1: Microstructures of Y alloys after rolling at 400◦C in 7 passes pf εT ≈ 20%
per pass.
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(a) {101̄0} As Rolled
0.0797 at%Y

(b) {101̄0} 1hr at
400◦C 0.0797 at%Y

(c) {101̄0} As Rolled
0.1523 at% Y

(d) {101̄0} 1hr at
400◦C 0.1523 at% Y

Figure 3.2: {101̄0} pole figures for the 0.0797 at%Y (below critical concentration) and
0.1523 at% Y (above critical concentration) alloys in as hot rolled and annealed con-
ditions. The 0.1523 at% Y pole figures are representative of the other binary Y alloys

showing the RE effect.
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Figure 3.3: Comparison between the annealed basal texture intensity of the Y alloys
(red) with literature data (green) from Hantzsche et.al [149].
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(a) 0.0090 at%Y (b) 0.0797 at%Y

(c) 0.2022 at%Y

Figure 3.4: Low magnification images of 0.009 at% and 0.0797 at% Y(below critical
concentration) and 0.2022 at% Y (above critical concentration) alloys after rolling at
400◦C and quenching. Fewer larger shear bands are visible in the more dilute alloys
while a more even distribution of finer shear bands is present in the more concentrated

alloy.

Microstructures of the alloys, Figure 3.5a,d),g), are very similar showing high levels of

deformation and prominent mechanical twinning. When viewed at lower magnification,

Figure 3.7, the microstructures also appear similar with small numbers of intense shear

bands visible. These microstructures are in contrast to the high concentration Y alloys,

where a large number of fine shear bands are visible in the microstructure, Figure 3.4b).

The La alloy microstructures are more similar to the dilute Y alloys (below critical con-

centration) where shear bands were larger and fewer in number.

3.1.3 Magnesium Ce, Yb, Nd and Eu Alloys

For each remaining RE element of interest a single alloy was produced with a target com-

position close to the estimated critical concentration of RE. The microstructures and basal

pole figures of the as rolled and annealed material are presented in Figure 3.8. Recrys-

tallised grain size is also given because a significant variation in grain size has an impact on
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(a) 0.0050 at% La As
Rolled

(b) {0001} As Rolled (c) {0001} 1hr at
400◦C

(d) 0.070 at% La As Rolled (e) {0001} As Rolled (f) {0001} 1hr at
400◦C

(g) 0.0377 at% La As
Rolled

(h) {0001} As Rolled (i) {0001} 1hr at
400◦C

Figure 3.5: Microstructures and {0001} pole figure of the La alloys after rolling and
annealing for 1hr at 400◦C

texture intensity, larger grains strengthening texture. {101̄0} prismatic textures are omit-

ted for brevity, however in each case a similar behaviour to the Y and La alloys is observed.

Ce

The 0.0349 at% Ce alloy has a composition just below the solid solubility of Ce in mag-

nesium at 500◦C, meaning some Ce precipitates are likely after rolling at 400◦C. The

as rolled microstructure and basal pole figures in as rolled and annealed condition are

shown in Figure 3.8 a-c). The as rolled condition is highly deformed with a strong basal

texture strength of ×12 mrd with no evidence of dynamic recrystallisation during rolling.
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(a) As Rolled
0.0050 at% La

(b) 1hr at 400◦C
0.0050 at% La

(c) As Rolled
0.0377 at% La

(d) 1hr at 400◦C
0.0377 at% La

Figure 3.6: Figure showing the {101̄0} pole figures for the 0.0050 and 0.0349 at% La
alloys in the as hot rolled condition and after annealing for 1hr at 400◦C.

(a) 0.0050 at% La (b) 0.0377 at%Y

Figure 3.7: Low magnification images of 0.0050 at% La and 0.0377 at% La alloys after
rolling at 400◦C and quenching.
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After annealing this basal texture strength falls to ×9 mrd, this texture weakening is

significantly less than that in the Y alloys displaying RE texture weakening. Figure 3.9

plots the annealed texture strength of the 0.0349 at% Ce alloy against literature values,

showing that this alloy is at the lower end of the Ce concentration range that would be

expected to produce RE texture effects. While the texture does weaken during RX in

this alloy, the recrystallised texture strength is significantly higher than that of similar

Ce alloys showing the RE effect.

Yb and Eu

Yb and Eu are both elements with a large atomic size, however they have very different

solubilities in magnesium. Yb has a high solubility while Eu has a very low solubility,

Figure 2.0 e-f) shows the Yb alloy has a Yb concentration well below the solubility limit

while the Eu alloy has a composition above the solubility limit. In both cases, the absolute

concentrations of Yb and Eu (0.0210 and 0.0008 at% respectively) are very low. Figure

3.8 d-i) shows the as rolled microstructure, basal texture and the annealed basal texture

of the rolled alloys. Both alloys display typical strong basal textures in the as rolled condi-

tion which weaken during recrystallisation. Yb basal texture intensity halves during DRX

while Eu only slightly reduces by 4 mrd. Very strong basal textures in the Eu alloy are

at least partly due to the large grain size, which is 97µm in the recrystallised condition in

comparison to 48µm in the Yb alloy. Deformation microstructures between the materials

are also very different with the Eu alloy producing a small number of very large shear

bands, while the Yb alloy produces a more homogeneously deformed microstructure with

extensive deformation twinning.

Nd

The Nd alloy was chosen for comparison with the commercial ZEK100 alloy. Nd has a

relatively high solubility in magnesium (≈ 0.4 at% Nd), this alloy has a concentration of

0.0243 at% Nd, well below the solubility limit (Figure 1.6.1). Figure 3.8 k,l) shows the Nd

alloy forms a normal basal texture in the as rolled condition, which falls only marginally

by 1 mrd during recrystallisation, and develops a slight spreading of the texture in the TD.

The microstructure of this material is very deformed with deformation heterogeneously

distributed into coarse shear bands and heavily deformed grains. Figure 3.10 plots the

composition and recrystallised texture intensity of this alloy against the data of Hantzsche

et.al showing that this alloy is at the low end of compositions which might be expected to

produce RE effects. The recrystallised texture strength of this alloy is significantly higher

(7.1 mrd) than that of the other alloys demonstrating the RE texture effect (≈ 4.5 mrd)

and is below the critical concentration Hantzsche et.al consider required to activate the
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RE effect, > 0.041 at% Nd [177].

Gd

Gd has a very similar solubility in magnesium to Y and this dilute magnesium 0.0224 at%

Gd alloy should behave similarly to the 0.0797 at% Y alloy previously reported in Figure

3.1 d-f) which showed a texture strengthening during recrystallisation. This is not found

in the Gd case where the recrystallised texture weakens slightly during recrystallisation

(by 5 mrd), although the overall intensity remains high (10 mrd), Figure 3.8 n,o). There

are also significant microstructural differences between the two alloys, with the Gd alloy

showing much less evidence of recrystallisation in the as rolled condition, all grains appear

heavily deformed and significant twinning and shear banding are visible.

3.1.4 Commercial Alloys ZEK100 and AZ31

Commercial magnesium alloys were also studied in this work, ZEK100 (0.0351 at% Nd,

0.695 at% Zn, 0.08 at% Zr) and AZ31 (2.705 at% Al and 0.372 at% Zn). The Nd con-

centrations of ZEK100 and the 0.0243 at% Nd binary alloy are plotted on Figure 2.0 d)

showing that both alloys have a similar Nd content. The as received material was hot

rolled with the microstructure, {0001} and {101̄0} pole figures shown in Figure 3.11a-c).

In the as received condition, the material is almost fully recrystallised and the {0001} pole

figure shows a weak texture of 2.2 mrd expected of a RE alloy. The texture morphology

is very different to the binary 0.0243 at% Nd alloy after rolling, Figure 3.8. In ZEK100

the basal pole is split into two lobes tilted towards the TD, typical of magnesium zinc-RE

alloys as discussed in Section 1.6.1. The prismatic {101̄0} pole figure has an even weaker

texture than the basal pole figure with the prismatic poles tilted out of the RD-TD plane.

Again this is in contrast to the binary Nd alloy which has the normal prismatic texture

of magnesium alloys with prismatic poles evenly distributed perpendicular to the ND,

within the RD-TD plane (Figure 3.11 f).

AZ31 is a typical non-RE alloy included for comparison with the RE containing alloys

described above. It was received as rolled sheet with recrystallised microstrcuture and

typical magnesium basal texture, Figure 3.11 d-f).

3.1.5 Summary

In summary all the alloys investigated produced strong basal textures typical of magne-

sium during rolling and in the majority of cases these textures weakened during subsequent

recrystallisation. However, the magnitude of texture weakening relative to the as rolled
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(a) Ce (0.0349 at%)
As Rolled

(b) Ce
As Rolled

(c) Ce 1hr 400◦C
Grain Size=19µm

(d) Yb (0.0210 at%)
As Rolled

(e) Yb
As Rolled

(f) Yb 1hr 400◦C
Grain Size=48µm

(g) Eu (0.0001 at%)
As Rolled

(h) Eu
As Rolled

(i) Eu 1hr 400◦C
Grain Size=97µm

(j) Nd (0.0243 at%)
As Rolled

(k) Nd
As Rolled

(l) Nd 1 hr 400◦C
Grain Size=64µm

(m) Gd (0.0224 at%)
As Rolled

(n) Gd
As Rolled

(o) Gd 1hr 400◦C
Grain Size=75µm

Figure 3.8: Microstructures of Ce, Yb, Eu, Nd and Gd alloys after rolling at 400◦C. The
{0001} pole figures show the texture of the as rolled material in the as rolled condition
b),e),h) and after annealing at 400◦C for 1hr leading to full recrystallisation c), f) and i).
The grain sizes as measured by the linear intercept method are given for the recrystallised

material.
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Figure 3.9: Figure plotting Ce concentration against peak basal texture strength after
rolling and full recrystallisation, data from Hantzsche et.al (blue) circles [149], Mackenzie
et.al squares[138], together with the composition of our alloy (red). The solubility of Ce

in magnesium is also displayed as a vertical blue line[172].
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Figure 3.10: Figure plotting Nd concentration against peak basal texture strength after
rolling and full recrystallisation, data from Hantzsche et.al black [149], together with the
composition of our alloy 0.0243 at% Nd (DF013), red . The solubility of Nd in magnesium

is also displayed as a vertical red line[172].

texture varies considerably and in many cases it is difficult to determine if the RE effects

are active. In the following some of these alloys are statically recrystallised after cold

rolling which decouples dynamic effects and allows recrystallisation to be observed during

a static annealing process. In particular the extent of texture weakening in each alloy can

be quantified.
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(a) ZEK100 (b) {0001} (c) {101̄0}

(d) AZ31 (e) {0001} (f) {101̄0}

Figure 3.11: Figure showing the microstructure and the {0001} and {101̄0} pole figures of
the as received ZEK100(a, b, c) and AZ31 (d, e, f). The pole figures have been measured

by XRD.

3.2 Static Recrystallisation of Magnesium Sheet

3.2.1 Cold Rolling of AZ31 and Dilute Magnesium-La Alloys

In the as hot rolled condition all of the alloys presented deformed microstructures, with

varying amounts of DRX or SRX between rolling passes. In some of the more dilute alloys

the texture weakening during SRX is likely to be similar to that observed in the non-

RE alloys where static recrystallisation of deformed grains occurs. Cold rolling prevents

DRX during deformation and so, during subsequent annealing, recrystallisation is entirely

static. The AZ31 and 0.017 at% La alloys were chosen for this experiment as examples

of a non-RE alloy and a dilute RE alloy where texture weakening after hot rolling was

minimal. AZ31 and the La alloy were cold rolled according to the schedule in Table 3.1.

The strain per pass in AZ31 was higher than in the La alloy as the AZ31 sheet was thinner

and the minimum reduction possible per pass was ≈ 0.1mm. The AZ31 was also rolled

to a much higher total strain than the La alloy. After cold rolling static recrystallisation

occurred during annealing at 400◦C, during which changes in texture and microstructure

were monitored.

The change in basal texture intensity with annealing time is plotted in Figure 3.12a),

with pole figures presented in Figure 3.12b-m). After cold rolling all alloys presented
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Cold Rolled 0.017 at% La
AZ31 Cold Rolled

(a)

(b) La Cold
Rolled As Rolled

(c) La Cold
Rolled 5 min

Anneal

(d) La Cold
Rolled 20 min

Anneal

(e) La Cold
Rolled As Rolled

(f) La Cold
Rolled 5 min

Anneal

(g) La Cold
Rolled 20 min

Anneal

(h) AZ31 Cold
Rolled As Rolled

(i) La Cold
Rolled 5 min

Anneal

(j) La Cold
Rolled 20 min

Anneal

(k) AZ31 Cold
Rolled As Rolled

(l) La Cold
Rolled 5 min

Anneal

(m) La Cold
Rolled 20 min

Anneal

Figure 3.12: a) Plot of the basal texture strength Vs annealing time at 400◦C. For cold
rolled magnesium-0.020at% La, 0.08 at% Y and AZ31. Curves fitted to guide the eye.
b-m) textures of La and AZ31 in the as cold rolled condition together with annealed

textures after 5 and 20 minutes annealing.
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Table 3.1: Cold rolling schedule for AZ31 and magnesium 0.0170 at% La alloy. Prior to
cold rolling the AZ31 and hot rolled La alloy were annealed for 1hr at 400◦C to fully

recrystallise.

La La AZ31 AZ31
Pass True Strain t (mm) True Strain t (mm)

0 -0.02 4.90 -0.04 2.65
1 -0.03 4.81 -0.08 2.55
2 -0.04 4.76 -0.12 2.45
3 -0.07 4.69 -0.16 2.35
4 -0.09 4.57 -0.21 2.25
5 -0.12 4.46 -0.26 2.15
6 -0.15 4.34 -0.31 2.05
7 -0.18 4.22 -0.36 1.95
8 -0.20 4.11 -0.41 1.85
9 -0.23 4.00
10 -0.26 3.89

strong textures typical of the hot rolled conditions discussed in Section 3.1, these basal

textures weaken by approximately half during annealing in both. The minimum in basal

texture intensity corresponds to the full recrystallisation of the material, observed in

optical micrographs. AZ31 has an as rolled texture intensity twice that of the 0.017

at% La alloy, most probably due to the increased strain the AZ31 underwent during cold

rolling, Table 3.1. This may also be partly be responsible for the presence of {0001}〈112̄0〉
texture component in the as cold rolled texture, Figure 3.12k). During recrystallisation

this component spreads completely disappearing after 20 minutes annealing where the

prismatic poles become evenly distributed perpendicular to the ND.

3.2.2 Cold Rolling of Magnesium-Y Alloys

Similar cold rolling experiments were carried out on some of the concentrated magnesium-

Y alloy systems which were cold rolled after hot rolling and annealing for 1hr at 400◦C as

described in Section 3.1.1. Three compositions were selected for cold rolling: 0.08 at% Y

which is below the critical concentration of Y required for texture weakening, 0.15 at% Y

and 0.18 at% Y which are both above the critical concentration. These alloys were cold

rolled according to the schedule in Table 3.2 and annealed for 1hr at 400◦C causing full

recrystallisation.

{0001} and {101̄0} pole figures for the as rolled and recrystallised material are shown

in Figure 3.13. The as cold rolled textures of all three alloys are very similar showing a

basal texture split slightly in the RD with an intensity ≈ 6 mrd. After one hour at 400◦C

all alloys had fully recrystallised and the 0.08 at% Y alloy showed a slight strengthening

of the basal texture intensity and a move back to a single peak in the basal texture. In
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Table 3.2: Cold rolling schedule for the magnesium-Y binary alloy systems.

True Strain
Pass 0.08 at% Y 0.15 at% Y 0.18 at% Y

0 -0.02 -0.03 -0.03
1 -0.04 -0.04 -0.04
2 -0.05 -0.06 -0.06
3 -0.07 -0.08 -0.08
4 -0.09 -0.10 -0.09
5 -0.11 -0.12 -0.12
6 -0.14 -0.14 -0.14
7 -0.16 -0.17 -0.17
8 -0.18 -0.19 -0.19
9 -0.21 -0.22 -0.21
10 -0.23 -0.24 -0.24
11 -0.26 -0.26 -0.26
12 -0.28 -0.29 -0.29
13 -0.32 -0.32 -0.32
14 -0.34 -0.34 -0.34
15 -0.38 -0.37 -0.38
16 -0.41 -0.41 -0.41
17 -0.44 -0.44 -0.44

contrast both alloys with Y concentration above the critical concentration showed a fall

in texture intensity by approximately half and a distinct spreading of the basal texture

about the ND.

The prismatic {101̄0} textures of all the as rolled materials were very similar to hot

rolled magnesium with prismatic poles evenly distributed perpendicular to the ND. After

recrystallisation the 0.08 at% Y alloy forms the {101̄0}〈101̄0〉 texture component with a

slight strengthening in intensity. The prismatic texture in the more concentrated alloys

remains diffuse, weakening slightly during recrystallisation.

Clearly there is a difference in the recrystallisation behaviour of the Y alloys above and

below the critical concentration, this is observed by comparing the partially recrystallised

microstructure in cold rolled Y alloys above and below this concentration. Figures 3.14

a,b) show EBSD maps of two such alloys after annealing for 4 minutes at 350◦C after cold

rolling, the 0.08 at% Y alloy is ≈ 36% recrystallised while the 0.15at% Y alloy is ≈ 43%

recrystallised. Figures 3.14 c,d) plot the kernel average misorientation between neigh-

bouring points within a grain for the same maps, clearly identifying deformed (blue) and

recrystallised (white) grains. In the dilute 0.08 at% Y alloy the number of recrystallised

grains is smaller and the recrystallised grain size larger than in the more concentrated

0.15 at% Y alloy. The deformed grains in the more concentrated alloy contain more stored

energy than the dilute alloy as indicated by the darker blue colouring in the KAM map
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(a) 0.08 at%
Y As Cold

Rolled

(b) 0.08 at%
Y As Cold

Rolled

(c) 0.08 at%
Y Cold Rolled
1hr at 400◦C

(d) 0.08 at%
Y Cold Rolled
1hr at 400◦C

(e) 0.15 at%
Y As Cold

Rolled

(f) 0.15 at%
Y As Cold

Rolled

(g) 0.15 at%
Y Cold Rolled
1hr at 400◦C

(h) 0.15 at%
Y Cold Rolled
1hr at 400◦C

(i) 0.18 at%
Y As Cold

Rolled

(j) 0.18 at%
Y As Cold

Rolled

(k) 0.18 at%
Y Cold Rolled
1hr at 400◦C

(l) 0.18 at%
Y Cold Rolled
1hr at 400◦C

Figure 3.13: Textures of magnesium-Y alloys in the as cold rolled and recrystallised
conditions. {0001} and {101̄0} pole figures are shown of the 0.08, 0.15 and 0.18 at% Y

alloys.

showing larger average misorientation between neighbouring points. High stored energy

in RE alloys is also reported by Stanford et.al [179] when comparing a magnesium-Gd

alloy to AZ31. In the current study we see the RE texture weakening only occurs once Y

concentration reaches a critical value and this appears to be associated with an increase

in stored energy after partial SRX. As both alloys underwent identical cold deformation

with minimal recovery or DRX, it is assumed that the stored energy in the as cold rolled

material is similar in both alloys and that differences in stored energy after SRX are due

to the distribution of this stored energy in the original deformed microstructure and not

simply the concentrated alloy having a higher initial stored energy. In the concentrated

alloy, deformation is more homogeneous with strain accommodated equally throughout

the microstructure, while in the dilute alloy it is expected that strain is concentrated in
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localised regions, which have subsequently recrystallised. There is a precedent in the liter-

ature for more even strain distribution in RE alloys with Sandlöbes et.al. observing a far

more uniform strain distribution in a magnesium 0.838 at% Y alloy in comparison to pure

magnesium Figure 1.36 [94]. Regions of concentrated strain in the dilute alloy are hidden

from the EBSD map in Figure 3.14 as these areas are likely to recrystallise first during

the 4 minute heat treatment. As a result the dilute alloy retains less stored energy after

the 4 minute anneal than the concentrated alloy because recrystallised grains have quickly

consumed the regions of locally high stored energy leaving only comparatively low energy

in surrounding deformed grains. In contrast nucleation of recrystallised grains appears

to be much more widespread in the concentrated alloy, due to more evenly distributed

stored energy, so while a similar fraction of the material has recrystallised there is a larger

number of smaller recrystallised grains in this material.

The differences in deformation behaviour between the two alloys are further emphasised in

Figure 3.14 e,f) which shows twin boundaries present in both materials. The concentrated

alloy clearly contains a larger number of compression and double twins in comparison to

the dilute alloy, in which primarily tension twins are found. Similarly high levels of

compression and double twinning in the magnesium-Y system, in comparison to pure

magnesium, have also been reported by Sandlöbes et.al.[94]. However, the present study

shows the change in twin activity, and stored energy, are not simply due to Y addition but

a critical concentration of Y is required to change deformation behaviour and this appears

to be closely linked to the activation of RE texture weakening. In addition to changes

in the twinning behaviour intragranular misorientation axis (IGMA) analysis of deformed

grains shows a difference in the distribution of geometrically necessary dislocations (GND)

between the two materials, Figure 3.15. The concentrated Y alloy shows a distinct {0001}
peak in its misorientation axis distribution (Figure 3.15 f) ) not present in that of the dilute

alloy (Figure 3.15 e) ). An {0001} peak is characteristic of prismatic slip (see Table 1.4 for

characteristic IGMA axes), suggesting prismatic slip is more active in the concentrated Y

alloy, similar observations have been made in other RE alloys [95, 134, 160, 176]. Figure

3.16 shows IGMA analysis for a number of individual grains of various orientations the

{0001} peak is not exclusively observed in grains of a particular orientation. In particular

grains A and C have similar basal orientations however, the {0001} peak is only present

in the C grain, suggesting the factor controlling prismatic GND population is more subtle

than grain orientation.

It is also important to determine the extent of changes to the recrystallisation mecha-

nism in magnesium-Y alloys above and below the critical concentration. This is may be

significant for formation of RE textures if the SRX mechanism is found to be different

in the concentrated alloy, nucleating RE orientations. Figure 3.17 highlights recrystallis-

ing regions in the concentrated alloy, in which widespread strain induced grain boundary
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(a) Magnesium 0.08 at% Y (b) Magnesium 0.15 at% Y

(c) Average Misorientation 0.08 at% Y (d) Average Misorientation 0.15 at%Y

(e) Twin Boundaries 0.08 at% Y (f) Twin Boundaries 0.15 at% Y

(g)

Figure 3.14: Figure showing EBSD maps for magnesium 0.08 at% Y and 0.15 at% Y
alloys cold rolled and annealed for 4 minutes at 350◦C. a,b) IPF maps relative to sheet
rolling direction, c,d) kernel average misorientation maps, e,f) twin boundary maps for
tension (red), compression (blue) and double twins (green), g) IPF colour scheme and

misorientation colouring.



Results 110

migration is observed, Section 1.5.2.1. Both highlighted regions show a recrystallising

grain, which appears white in KAM maps due to low local misorietation, growing into a

neighbouring deformed grain. The recrystallising grain occurs at a bulge in the prior grain

boundary and is bounded by a low angle boundary with the parent grain (blue line) and a

high angle boundary with the neighbouring grain. As expected the recrystallising SIBM

grain has a very similar orientation to the parent grain. This recrystallisation mechanism

is commonly reported in magnesium alloys and its activity is not necessarily associated

with RE textures, as many magnesium alloys recrystallise by SIBM and show no texture

weakening. This point is underlined in Figure 3.18 where SIBM is also found to be active

in the dilute Y alloy which does not show texture weakening after full recrystallisation

(Figure 3.13 c)). While SIBM is not necessarily the only SRX mechanism operational it is

difficult to identify a characteristic RE SRX mechanism from these maps that could cause

weak recrystallisation textures in the RE alloy. The deformation and recrystallisation

textures of both alloys are presented in Figure 3.19, showing the recrystallised grains in

both alloys have comparable orientation distributions, which appear to be broadly similar

to the deformed parent grains. Although even if a different SRX mechanism were oper-

ational in the concentrated Y alloy it would be difficult to detect in this way as it must

nucleate grains with a slightly weaker basal texture than in the dilute Y alloy and not

completely new texture component, which would be much easier to detect.

In summary, cold rolling and recrystallisation of magnesium-Y alloys produces weak basal

textures where Y concentration is above the critical limit and strong basal textures below

the critical limit. As both materials produce basal textures it is difficult to isolate the

‘RE’ grains in the microstructure during recrystallisation and recrystallised grains in both

alloys appear to nucleate by similar mechanisms, SIBM in particular is found to be active

in both alloys. The primary differences between the concentrated alloy and the dilute

alloy are a finer recrystallised grain size and more homogeneous strain distribution in the

concentrated alloy. These affects are commensurate with an increased number of contrac-

tion and double twins in the concentrated alloy together with an increase in prismatic

GND’s. In Section 5.1 we discuss how these effects could lead to weaker texture forming

in the concentrated alloy.

3.2.3 ZEK100

To compare the recrystallisation mechanism between binary and tertiary magnesium-RE

alloys the commercially hot rolled ZEK100 was cold rolled under a variety of schedules.

Unlike the binary magnesium-RE alloys which display a weak basal texture on recrystalli-

sation ZEK100 produces a characteristic split basal texture in the TD, Figure 3.11. This

unique RE texture makes it easier to distinguish whether RE effects are active during
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(a) Deformed Grains
0.08 at% Y

(b) Deformed Grains
0.15 at% Y

(c) Deformation Texture
0.08 at% Y

(d) Deformation Texture
0.15 at%Y

(e) IGMA
0.08 at% Y

(f) IGMA
0.15 at% Y

Figure 3.15: IGMA analysis between deformed grains in magnesium 0.08 and 0.15 at% Y
alloys. a,b) plots deformed grains on EBSD map. c,d) Plots the orientations of deformed
grains. e,f) inverse pole figures showing the misorientation axes between neighbouring

points.

cold rolling and static recrystallisation because if RE effects are active the TD split basal

texture will reform from a basal deformation texture during recrystallisation. Three cold

rolling trials were carried out shown schematically in Figure 3.20. In Path 1, straight cold

rolling (SCR), the cold rolling direction (RDCR) is parallel with the hot rolling direction

(RDHR) of the commercially hot rolled ZEK100 sheet. In path 2, Transverse cold rolling

(TCR), RDCR is perpendicular to RDHR and finally in path 3 or equal cold rolling (ECR)

the sheet was rotated between rolling passes to provide equal strain both parallel to the

RDHR and perpendicular to the RDHR. In ECR difficulty in controlling the thickness

reduction per pass resulted in each orientation receiving a different number of passes but

the final strain in each orientation is almost equivalent. These distinct rolling paths will

allow the influence of deformation and deformation texture on the RE texture formation

to be determined.
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(a) Deformed Grains 0.15 at% Y

(b) A (c) A (d) B (e) B

(f) C (g) C (h) D (i) D

(j) E (k) E (l) F (m) F

Figure 3.16: IGMA analysis of individual deformed grains in 0.15 at% Y alloys. Showing
a) each grain on EBSD map, the orientation of that grain and the orientation of the

misorientation axes on an inverse pole figure.

3.2.3.1 Straight Cold Rolling (SCR)

In SCR the RDCR is parallel to the RDHR, {0001} pole figures of the cold rolled and

recrystallised ZEK100 are given in Figure 3.21 a). After cold rolling, the basal texture

strengthens and the TD split basal texture moves back towards the sheet ND, forming

a strong basal texture with a slight split towards the RD typical of magnesium sheet.

Although a spread of basal orientations towards the TD is preserved in the deformation

texture little remains of the characteristic TD oriented lobes of the initial sheet material.

The cold rolled material was then annealed for 1hr at 400◦C leading to full recrystalli-

sation, during which the TD split in the basal texture re-forms indicating that the RE

texture weakening is active, since a typical non-RE recrystallisation mechanism would be

expected to produce a slightly weaker deformation texture but no significant TD split,

as Figure 3.21 b) shows in the case of AZ31. In AZ31, the strong basal texture created
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Figure 3.17: High magnification images of magnesium 0.15 at% Y cold rolled and an-
nealed for 4 minutes at 350◦C. a,b) kernel average misorientation maps and c,d) IPF
colour maps relative to RD for the indicated regions. Black boundaries > 10◦, grey

boundaries > 1◦.

during cold rolling is only weakened during recrystallisation with no change in texture

morphology.

3.2.3.2 Transverse Cold Rolling (TCR)

Figure 3.22 shows the deformation and recrystallisation textures of ZEK100 during trans-

verse cold rolling where the RDCR is perpendicular to the RDHR. The deformation texture

of transverse cold rolled material is very similar to the straight cold rolled case, with the

misorientation of the TDHR split falling from ≈ 30◦ to ≈ 10◦ from the ND and remaining

in the TDHR direction, Figure 3.22d). During recrystallisation the RE texture re-forms

with the TDCR split in the RE recrystallisation texture rotated by 90◦ in comparison

to the original TDHR orientation of the RE texture in the hot rolled material. In other

words after transverse cold rolling the TD split of the recrystallisation texture forms in

the cold rolling TD (TDCR) despite this being perpendicular to the hot rolling TD of the

original hot rolling process. Figure 3.22 also gives the {101̄0} pole figures for this process

which show the expected formation of a typical basal texture after cold rolling and the

reforming of the RE texture in recrystallised material with a 90◦ rotation about the sheet

ND. The RE texture formation in ZEK alloys is clearly associated with recrystallisation

as Figure 3.22a) plots the basal texture intensity against annealing time, showing that a
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Figure 3.18: High magnification images of magnesium 0.08 at% Y cold rolled and an-
nealed for 4 minutes at 350◦C. a) kernel average misorientation maps and b) IPF colour
maps relative to RD for the indicated regions. Black boundaries > 10◦, grey boundaries

> 1◦.

minimum in texture intensity had been reached after only two minutes at 400◦C, which

coincides with full recrystallisation of the material, Figure 3.23b).

Table 3.3: Rolling schedule for the transverse cold rolled (TCR) and straight cold rolled
(SCR) ZEK100, showing cumulative true strain over nine passes.

Pass TCR SCR

0 0.00 0.00
1 -0.03 -0.04
2 -0.06 -0.07
3 -0.09 -0.11
4 -0.14 -0.16
5 -0.18 -0.22
6 -0.22 -0.29
7 -0.27 -0.35
8 -0.32 -0.41
9 -0.37 -0.46

In order to observe the nucleation and growth of this TD split in the basal texture after

transverse cold rolling EBSD was used to analyse the material in as rolled and partially
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(a) Complete Texture
0.08 at% Y

(b) Complete Texture
0.15 at% Y

(c) Deformed Grains
0.08 at% Y

(d) Deformed Grains
0.15 at%Y

(e) Recrystallised Grains
0.08 at% Y

(f) Recrystallised Grains
0.15 at% Y

Figure 3.19: {0001} and {101̄0} pole figures for the cold rolled and partially recrystallised
magnesium 0.08 and 0.15 at% Y alloys. a,) Complete textures, c,d) deformed grains only
(> 1◦average internal misorientation) and e,f) recrystallised grains only (< 1◦average

internal misorientation).

recrystallised states. Figure 3.24 shows TCR ZEK100 in a) the as rolled condition, b-

d) partially recrystallised conditions after annealing for up to five minutes at 350◦C.

The annealing temperature of 350◦C was used to slow SRX, allowing the material to

be observed in different microstructural conditions. Macro texture analysis, omitted for

brevity, shows the same recrystallisation textures form during annealing at 350◦C as

400◦C and so it is reasonable to assume the same mechanism is responsible. Figure

3.24 a) shows the deformed microstructure of the TCR material, basal textures in IPF

colouring relative to RDCR are indicated by green/blue grains. As expected, the majority

of deformed grains have a basal orientation. Black points indicate sections of the map that

could not be indexed most likely due to the high levels of deformation in these regions.

These black regions appear to be arranged in bands aligned approximately 30◦ to the

RDCR, which are identified as shear bands. As the material is annealed, Figures b) and

c) show recrystallisation is concentrated in these shear bands nucleating a large number
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Figure 3.20: Schematic diagram showing the three paths used when cold rolling ZEK100.
RDv

HR indicates the hot rolled direction of the as received material is parallel with the
vertical direction in frame of reference used on this page. Three rolling pathways are then
defined with associated true strains in each cold rolling direction, these are: Straight cold
rolled where the cold RD is parallel to the original hot RD, transverse cold rolled where
the cold rolled RD is perpendicular to the hot RD and equal cold rolled where the sheet

was cold rolled equally parallel and perpendicular to the original hot RD.

Figure 3.21: {0001} pole figures showing the texture development of a) ZEK100 and b)
AZ31 after a hot rolled sheet is straight cold rolled and fully recrystallised at 400◦C.
After SCR both alloys form strong basal textures but the RE texture only forms after

full recrystallisation in the RE alloy.
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(f) 60 minutes
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(g) Hot rolled
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(h) As rolled
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(i) 2 minutes
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Figure 3.22: Figure a) shows a plot of the peak basal strength Vs annealing time of
ZEK100 transverse cold cross rolled to εT = −0.45 followed by annealing at 400◦C. c-j)
Prsenent the {0001} and {101̄0} pole figures for the TCR material before cold rolling, in

the as cold rolled state and after annealing for 2 minutes and 60 minutes.

(a) Cold Cross Rolled (b) 2 minutes (c) 20 minutes

Figure 3.23: Optical micrographs of ZEK100 after a) transverse cold cross rolling and
annealing at 400◦C for b) 2 and c) 20 minutes.
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of small grains. There are very few black regions in these maps as these heavily deformed

regions have been consumed by the recrystallising grains. After five minutes of SRX, d),

many of the recrystallised grains have grown significantly in size and begun to consume

the surrounding microstructure, there are very few un-indexed points in this map.

The textures of deformed and recrystallised grains are presented in Figure 3.25 together

with the position of the grains on the EBSD map. Recrystallised grains are defined

as having average internal misorientations of less than 1◦. At each stage of the heat

treatment the deformed grains present a strong basal texture, however the recrystallising

grains show a transition from a split basal texture towards the RDCR, after one and two

minutes annealing, to a split basal texture towards the TDCR after five minutes annealing.

The RD indicated in the figures is the RDCR orientation and so Figure 3.25 a) shows the

smallest detected regions in as rolled shear bands have orientations split in the RDCR, the

same RDCR split is also found in the earliest recrystallised grains after one and two minutes

annealing in Figures 3.25 b) and c). After five minutes of annealing however, many of

these small recrystallising grains have been replaced with a relatively small number of

very large recrystallising grains which have orientations split in the TDCR. Clearly as

recrystallisation continues, these TDCR orientations come to dominate leading to the RE

texture forming in the TDCR as shown in Figure 3.22.

The split basal texture in the TDCR is the RE texture component and to determine how

grains with this orientation come to dominate the recrystallised material the recrystallised

grains are partitioned by size; Small grains less than 1µm and large grains greater than

1µm. It is thus possible to detect the growth of the TDCR texture component earlier in

the annealing process. Figure 3.26 breaks down the RX grains by size showing that even

after one minute at 350◦C the largest RX grains are spread in the TDCR. Likewise the

smallest grains retain a slight split in the RDCR after annealing for five minutes showing

that while both RD and TD grains nucleate during recrystallisation the TD grains have an

advantage which leads to the eventual domination of the texture. Although these maps

represent relatively small areas (100×70 µm) the same behaviour is observed in larger

maps which are omitted for brevity.

The dominance of the RDCR texture component in the early stages of recrystallisation

appears to be at least partly due to the deformation texture of the material within the

shear banded regions, which recrystallises first. In the deformed areas of the shear bands

which can be indexed the RDCR split texture component is found, Figure 3.25 a). The

link between these RDCR orientations in shear bands and the initial recrystallising grains

is further explored in Figure 3.27, which shows a high resolution EBSD map (step size

0.01µm) of an enlarged region of the TCR material annealed for one minute at 350◦C. The

shear banded regions contain a mixture of deformed ‘grains’ with average misorientations
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greater than 1◦ and recrystallising grains with average misorientations less than 1◦. The

exact recrystallisation mechanism is very hard to identify, however at this small scale there

does not appear to be a significant difference between the orientations of the deformed

grains in the shear band and the recrystallising grains which both have orientations split

in the RDCR. Of course the shear banded regions which are not indexed in the as rolled

material are most likely to nucleate recrystallisation first and may contain unseen TDCR

components. However, after one minute of recrystallisation these regions which are not

indexed have nearly disappeared and the high resolution map shows no significant pref-

erence for TDCR recrystallised grains in this small area. However, maps over larger areas

do show the TDCR component present preferentially in larger recrystallising grains after

one minute at 350◦C, Figure 3.26 b).

The RDCR split detected in deformed grains within shear bands has previously been

reported in magnesium [99, 101]. In these cases it has been attributed to the activity of

basal slip within the shear band orienting basal planes parallel to the shear band plane

with a misorientation of ≈ 30◦ to the RD. A schematic diagram of this type of shear

banding (red) is shown in Figure 3.28. Similarly shear bands misorientated towards the

TDCR, green in Figure 3.28 have been proposed to nucleate the TDCR texture split, as

deformed grains in these bands would, in theory, have the same TDCR misorientation as

the recrystallised texture if basal slip were dominant. The EBSD maps considered to this

point, such as Figure 3.25 a), have contained the ND-RDCR plane which is most likely

to contain the RDCR oriented (red) shear bands as shown in Figure 3.28. Sectioning the

ND-TDCR plane may reveal more of the TDCR (green) shear bands and thus the deformed

grains from which the split TDCR could nucleate. A comparison between ND-RDCR and

ND-TDCR cross-sections in TCR material annealed for five minutes is shown in Figure

3.29. In these partially recrystallised materials the shear bands have mostly recrystallised

and are now identified by bands of recrystallising grains. The texture of the recrystallising

grains are also plotted in this figure showing that, if anything, the recrystallising grains

have a more strong basal orientation in the ND-TDCR section and there is no obvious

preference for the TDCR orientations nucleating in this plane. Overall, shear banding of

the kind described by the green lines in Figure 3.28 does not appear prominent in the

ND-TDCR orientation in ZEK100 and the behaviour of recrystallised grains appears very

similar to that previously reported in the ND-RDCR plane. The RE texture components

cannot simply be explained by the orientation of shear bands in this case.
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(a) As Cold Rolled (b) 1min at 350◦C

(c) 2min at 350◦C (d) 5min at 350◦C

Figure 3.24: EBSD maps of the transverse cold rolled ZEK100 in a) the as rolled con-
dition, b) annealed for one minute, c) two minutes and d) five minutes at 350◦C. The

maps are in IPF colouring relative to the cold rolling RD.

3.2.3.3 Equal Cold Rolling (ECR)

During equal cold rolling, the commercially hot rolled ZEK100 sheet was cold rolled such

that equal strain was imparted with the RDCR parallel to and perpendicular to the RD of

the original hot rolled sheet. Difficulty in controlling the reduction per pass by less than

0.1mm meant that it was not possible to achieve equal strain in both directions with an

equal number of passes. As a result the strain in each direction was equalised by rolling

with 8 passes parallel to the RDHR and 3 passes perpendicular to the RDHR, as shown in

Table 3.4.

The textures of the as rolled and recrystallised equal cold rolled material are presented

in Figure 3.31. The as cold rolled texture (Figure 3.31 a,c)) is similar to that after TCR,

showing a strengthened basal texture in which the misorientation of the TDHR split about

the ND is reduced from 30◦ to around 20◦. The wider misorientation about the ND after

cold rolling in comparison to SCR and TCR is probably due to the low total strain of

εt = −0.24 imparted during the rolling process; unfortunately the material failed during
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Larger than 1µm Smaller than 1µm

(a) As Rolled

Deformed Recrystallised

(b) 1min at 350◦C

Deformed Recrystallised

(c) 2min at 350◦C

Deformed Recrystallised

(d) 5min at 350◦C

Figure 3.25: EBSD maps separated into regions of deformed and RXed grains based on
average misorientations of greater than 1◦defining deformed grains. In the as rolled case
as no grains are RXed we plot grains less than 1µm in size. The orientation and IPF

colouring of the EBSD map are also included for convenience.
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Larger than 1µm Smaller than 1µm

(a) As Rolled

Smaller than 1µm Larger than 1µm

(b) 1min at 350◦C

Smaller than 1µm Larger than 1µm

(c) 2min at 350◦C

Smaller than 1µm Larger than 1µm

(d) 5min at 350◦C

Figure 3.26: Separating the RX grains (grains with less than 1 ◦misorientation) into small
and large sizes, greater than or smaller than 1µm.
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Figure 3.27: Figure showing a high resolution EBSD map with a step size of 0.01µm of a
small area of the TCR ZEK100 annealed for 1 min at 350◦C. The high resolution map has
been broken down to show the positions and orientations of deformed and recrystallised

grains with sizes between 0.1µm and 1µm.

Figure 3.28: Schematic diagram of rolled billet showing shear bands intersecting ND-
RDCR (red) and ND-TDCR (green) planes.

ECR before the higher total strains of εt = −0.45 achieved in the other cold rolling

processes could be reached. As the largest strain during rolling was imparted with RDCR

parallel to the RDHR in the following we consider TDHR parallel to TDCR after ECR.

Upon recrystallisation, after 1hr at 400◦C, the basal texture weakened slightly to 3.6 mrd

and spread slightly in the TDCR, Figure 3.31 b,d). Significantly, this texture is different

to the RE recrystallisation textures previously reported; the lobes which typically form

about the TDCR are much less distinct and have a lower misorientation with respect to

the sheet ND in comparison to the previously reported cases. The basal texture intensity

of the TDCR lobes is also slightly higher.
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Figure 3.29: Figure comparing the overall microstructure and recrystallised grains in
the ND-RDCR and ND-TDCR cross sections of the transverse cold rolled ZEK100 after

annealing for five minutes at 350◦C.

Table 3.4: Cold rolling schedule for the equal cold rolled ZEK100, all strains true.

RDCR ‖ RDHR RDCR ⊥ RDHR

Passes ε ε εTotal

1 0.004 0.004
2 -0.023 -0.027
3 -0.011 -0.038
4 -0.032 -0.070
5 -0.015 -0.085
6 -0.027 -0.112
7 -0.029 -0.141
8 -0.018 -0.159
9 -0.052 -0.211
10 -0.008 -0.218
11 -0.026 -0.245

Total -0.14 -0.11
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(a)

(b)

Figure 3.30: a) EBSD map of as transverse cold rolled ZEK100 with the TDCR orienta-
tions highlighted. b) pole indicated the TD orientations selected.

Table 3.4 shows that overall a slightly larger strain was imparted during cold rolling par-

allel to the RDHR and so the same recrystallisation mechanism as that observed during

SCR would be expected to produce a RE texture split in the TDHR (equivalent to TDCR).

Although the recrystallised texture after ECR is split in this direction, critically the TDCR

lobes formed in recrystallised ECR material have a higher intensity and lower misorienta-

tion from the ND than that observed after either SCR or TCR. Texture weakening during

annealing after ECR is therefore much more comparable to that observed in the binary

alloys discussed above, Section 3.2.2, in which the recrystallised texture was simply a

weakened deformation texture.

The cause of the change in recrystallisation behaviour after ECR must be a result of the

deformed microstructure generated during cold rolling, which is observed in the EBSD

maps presented in Figure 3.32. The ECR material has a larger grain size and fewer shear

banded regions than the TCR material. Both of these observations are a result of the

lower total strains achieved under the ECR. Lower strains mean the grains are compressed

less in the ND, resulting in less grain elongation in Figure 3.32 b) and a lower likelihood of
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shear bands developing. However, failure of the material in other ECR experiments always

occurred at strains below ε = −0.3 and, since shear band formation is strongly associated

with incompatibility stresses which are largest at strains close to failure (ε = −0.24 in

this ECR experiment), one might expect a larger number of shear bands in the ECR

material. Another key difference between the materials is the twinning behaviour; Figure

3.32 b) shows regions of unusual twinning (in the lower half of the figure) where a number

of grains have heavily twinned in various directions. Identification of these twins based

on characteristic misorientations is not possible, due to the deformation of both twin and

matrix occurring after rotating between each pass. However, qualitatively note that many

of the twins are quite wide, a typical characteristic of tension twins. Regardless of twin

type, similar regions of intersecting wide twins are not observed after TCR, where more

typical twinning behaviour including a mix of tension compression and double twinning is

found. In addition to the observed microstructural features a intragranular misorientation

analysis (IGMA) investigation was performed on a number of deformed grains of different

orientations in both materials. IGMA analysis is often useful in identifying the dominant

type of geometrically necessary dislocation required to account for rotations in each grain.

Unfortunately however, in the grains analysed little preference for particular GND systems

could be found, in either material with intensities less than 2 mrd in both cases. Overall

while dislocation activity is expected to be very different between ECR and TCR deformed

structures, no strong evidence of this in IGMA analysis was found.

In summary, after equal cold rolling, where strain was equally distributed between rolling

parallel to and perpendicular to the RDHR, a change in recrystallisation behaviour was

observed in comparison to SCR and TCR, despite a similar deformation texture forming

during ECR. Unlike in SCR and TCR where recrystallisation led to a distinct ≈ 30◦ split

towards the TDCR, recrystallisation in ECR simply produced a weakened deformation

texture. The origins of this change must be in the deformed microstructure in the form

of different microstructural features or dislocation activity. IGMA analysis between as

rolled TCR and ECR material failed to identify a significant difference in GND activity

between the materials, although given the small number of grains observed this is in-

conclusive. However, significant differences in the twinning and shear banding behaviour

were observed; shear banding was much less prevalent in ECR in comparison to TCR and

although this is partly a result of lower applied strains in ECR it may also be due to a

lower propensity for shear banding in ECR process, because the material was deformed

very close to the failure without significant shear banding. Twinning in the ECR material

was also very different to TCR, with a large number of densely packed twins intersecting

at unusual angles found after ECR. These twins were qualitatively identified as tension

twins due to their large width. The contribution of each feature to the change in ECR

recrystallisation texture is not obvious and will be discussed in Section 5.2.2.
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(a) ECR As Rolled
{0001}

(b) ECR 60m Anneal
{0001}

(c) ECR As Rolled
{101̄0}

(d) ECR 60m Anneal
{101̄0}

Figure 3.31: ZEK100 Equal Cold Rolled in both directions (εT = −0.13 RD and εt =
−0.11) in the TD. RD and TD refer to the original hot rolling orientations.

Figure 3.32: a) ZEK in the as rolled condition after TCR to ε = −0.37 and b) ZEK100
in the as rolled condition after ECR to ε = −0.24. c) Indicates the orientation of the
figure note that due to the 90◦ rotations in b) RDCR also corresponds to TDCR in 50%

of passes. IPF relative to RDCR.
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(a)

(b)

Figure 3.33: a) Composite EBSD map of ZEK100 annealed for 30 days at 400◦C, b)
texture of the complete map, contours 1,2,3,4 mrd and IPF colouring relative to RD.

3.3 Grain Growth in ZEK100

RE textures form during recrystallisation but how stable are they during grain growth

or secondary recrystallisation? To investigate this, a specimen of hot rolled ZEK100

was annealed for 30 days at 400◦C in an inert Ar atmosphere. The subsequent textures

and grain size distribution were investigated using EBSD, Figure 3.33. This data is a

composite map of several smaller maps over a very large area (scale bar 2000µm), several

abnormally grown grains are observed with sizes up to 400µm against an mean grain size

of 28µm. The texture of the complete map, Figure 3.33 b), shows a spreading of the poles

in the TD however, the unique split of the basal texture into two TD lobes as observed

prior to annealing (Figure 3.11b)) is not found.

To identify the source of the re-emerging basal texture component, the texture of the

composite map has been plotted as a function of grain size over four intervals in Figure

3.34. The intervals are based on the mean (28µm) and standard deviation (SD=18µm )

of the data which are plotted in the grain size distribution of Figure 3.34 a). The textures

and locations of grains with sizes less than one SD below the mean, one SD below the

mean, one SD above the mean and greater than one SD above the mean but less than

100µm (which are considered to be abnormally grown) are plotted. While none of the

size ranges plotted show the TD lobes of the original material there does appear to be

some preference for larger grains to have a more basal texture with grains in the 28-46µm

range having a high intensity basal band not observed in the smaller 10-28µm range.

However, the link between large grain size and basal orientation is quite weak and it is
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worth noting that amongst the abnormally grown grains, Figure 3.34 j,k) the textures are

not exclusively basal.

A similar analysis has been carried out on fully recrystallised ZEK100 after annealing for

one hour at 400◦C, Figure 3.35. In this case the grains were separated into two groups,

small and large, about the mean grain size of ≈ 6µm. Figure 3.35 c,d) shows the split basal

texture in the TD is contained in the larger grains which dominate the microstructure

post recrystallisation. However, smaller grains remain and these contain a more basal

texture component, Figure 3.35 e,f). This basal component appears very similar to the

dominant texture component after 30days annealing Figure 3.33 b). These more basally

oriented grains must have a growth advantage allowing them to grow more quickly than

grains with the split TD texture component during grain growth.

3.4 Formability of ZEK100 Sheet

The cold formability of the commercial ZEK100 alloy has also been measured using the

Nakazima strip test and digital image correlation system described in Section 2.9. The

forming limit curve (FLC) was measured in ZEK100 after annealing as received material

for 1hr at 400◦C post hot rolling. The strain at failure was measured two images prior

to specimen failure at a point in the centre of the sample by the method in Section

2.9. The room temperature FLC produced is plotted in Figure 3.36 together with that

of AZ31 and aluminium 6016 for comparison. The RE alloy demonstrates significantly

higher formability under all strain states, with the lowest minimum major forming strain

rising by ε = 0.14 in comparison to AZ31. The high formability of ZEK100 has also been

reported by other authors[111, 117]. Note that minimum of the ZEK100 FLC lies at a

minor strain of 0.1, this is unusual as classically this lies at εminor = 0. Although not the

subject of this research this is believed to be a fundamental effect in the Nakazima forming

test, which is only observed here because of the improved accuracy available with the DIC

technique. A similar shift has been observed other materials including aluminium alloys

and it is not accounted for by the usual methods for correcting the data for non-linear

strain paths measured during the deformation[111].

The significantly weaker texture of ZEK100 in comparison to AZ31 is thought to be the

primary cause of improved formability although, as discussed in Section 1.8 increased

non-basal slip and a change in the nature and distribution of shear banding are also likely

to be contributory factors. Significantly, the rare earth additions raise the formability of

magnesium to a similar level as aluminium 6016. This is extremely promising considering

the aim of RE additions in magnesium is to achieve room temperature formability good

enough to challenge competing aluminium materials.



Results 130

0 20 40 60 80 100
0

200

400

600

800

1,000

1,200

Grain Size (µm)

F
re
q
u
en

cy

(a) Grain size distribution with mean
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Figure 3.34: a) grain size distribution of a composite EBSD map for ZEK100 annealed
for 30 days at 400◦C. Textures and EBSD maps for various grain size ranges are also
presented. 6-10µm grains are less than one SD away from the mean, 10-28µm grains are
one SD below mean, 28-46µm grains one SD above the mean, 46-100µm grains greater
than one SD above mean excluding abnormally grown grains. Finally > 100µm grains

are considered abnormally grown.
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(a) Complete Map (b) Complete Map

(c) Grains > 6µm (d) Grains > 6µm

(e) Grains < 6µm (f) Grains < 6µm

Figure 3.35: EBSD map of as received ZEK100 in the fully recrystallised condition. a,b)
IPF coloured map and pole figures for the complete map. c,d) map and pole figure for

grains larger than 6µm and e,f) map and pole figure for grains smaller than 6µm.
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Figure 3.36: Forming limit diagram of ZEK100, aluminium 6016[110] and magnesium
AZ31[111] are plotted for comparison, curves are added to guide the eye. Uniaxial tension

is indicated by the dotted line and biaxial tension by the dashed line.
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3.5 Segregation of Rare Earth Atoms

Segregation of RE atoms to grain boundaries is thought to be one of the most important

factors in activating texture weakening in RE alloys, as discussed in Section 1.9. In

the following we use EDX mapping with high resolution TEM imaging to observe the

segregation of RE atoms to grain boundaries in the 0.1523 at% Y alloy, Y is a highly

soluble RE element which clearly demonstrated RE texture weakening effects, Figure

3.1. We compare this to Nd segregation in the magnesium-0.0243 at% Nd alloy. Nd

has a low solubility in magnesium and this alloy is only thought to have a borderline

RE concentration for activating texture weakening, having only produced a slight texture

weakening during hot rolling, Figure 3.5. Both alloys are imaged following hot rolling at

400◦C and annealing for 1hr at 400◦C followed by quenching. This heat treatment should

reproduce the segregation conditions which produce RE textures in hot and cold rolled

material.

3.5.1 Grain Boundaries

The segregation of solute elements to grain boundaries in the 0.1523 at% Y alloy is clearly

shown in the HAADF images presented in Figure 3.37. In this form of imaging areas of

white contrast correspond to atoms with a high atomic number which clearly segregate to

grain boundaries, identifiable by the change in direction of lattice fringes at the boundary.

EDX of these grain boundary regions is shown in Figure 3.38 where Y is found to strongly

segregate to the two different grain boundaries examined. Figures 3.38 e) and f) contain

plots of the variation in Y concentration across each grain boundary. For each of the

2 analysed boundaries multiple EDX maps were taken at different positions along the

boundary and are plotted as a different curve in each graph giving an indication of the

variability of segregation across the same boundary. Quantified EDX data should be

considered with extreme caution as it is sensitive to large number of variables especially

number of counts, specimen thickness, size of area considered to name but a few. However,

the present results suggest in the 0.1523 at% Y alloy the peak concentration of Y at grain

boundaries is between 1.2 and 1.5 at% varying along the boundary with a full width half

maximum of 2−4nm. The peak in Y concentration is similar to the peak segregation of 1.3

at% Y observed by Hadorn et.al[95] in a 0.28 at% Y alloy, in a much lower resolution SEM

study. In a similar study Stanford et.al find segregation of Gd (with similar solubility

to Y) of up to 1.5 at% at grain boundaries in a 0.23 at% Gd alloy[194]. The present

results show for the first time the strength of the segregation to grain boundaries with

Y distributed less that 5nm either side of the boundary, limited resolution in previous

studies indicated a segregation of less than 300nm. A higher resolution EDX mapping of
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one boundary is shown in Figure 3.39, where the Y atoms are clearly shown to form small

clusters on the grain boundary less than 2nm in size. The strength of the Y segregation

shown here is a strong indicator that the segregation of RE elements to grain boundaries

is required for RE texture weakening.

The same segregation of Nd to grain boundaries was not observed in the magnesium-

0.0243 at% Nd alloy, where most of the Nd content was present in the form of a fine

distribution of particles. Although the RE concentration in the Nd alloy is almost an

order of magnitude lower than in the Y alloy we would still expect to detect the presence

of Nd on grain boundaries if it had strongly segregated there. Instead, the Nd atoms were

found within particles in the matrix.

3.5.2 Precipitates

Precipitates were observed in both alloys, examples of those found in the 0.15 at%Y alloy

are presented in Figure 3.40 and the magnesium-0.0243 at% Nd alloy in Figures 3.41, 3.42

and 3.43. In the 0.15 at%Y alloy Y was found to precipitate in particles approximately

20nm in size composed primarily of Y, O and Fe. Trace amounts of Fe were detected

by XRF analysis as impurities in the casting see Table 2.2 however, this technique is

not sensitive to O additions. The oxygen detected in Figure 3.40 c) is homogeneously

distributed suggesting at least some of the O detected is due to contamination of the

sample, possibly oxidation in atmosphere prior to loading the TEM. High O levels are

reported in some particles, such as Figure 3.40 e), where 20 at% O is reported. This

may suggest some O contamination during the casting process allowing O containing

precipitates to form. A significant Fe and Y content is also observed in this particular

precipitate Figure 3.40 g-i). In any case as well as segregation to grain boundaries Y is

also found in precipitates both largely alone, as in Figure 3.40 a) and with impurities as

in Figure 3.40 e).

Precipitates in the Nd alloy were found to have various compositions including Fe, O and

Nd constituents as shown in Figures 3.41, 3.42 and 3.43. These particles were primarily

found in the matrix and although some were observed on grain boundaries but the overall

volume fraction is expected to be too low to contribute significantly to pinning effects. The

majority of Nd additions were located within such particles in spite of the magnesium-Nd

phase diagram indicating that Nd additions should be present in solid solution at concen-

trations lower than 0.4 at% [7]. The particles shown in Figures 3.41 and 3.42 have Nd

atoms strongly segregated to Fe and O containing particles. These particles are relatively

large > 100nm with Nd concentrations estimated to be 6 and 12 at% respectively. These

are remarkably high Nd concentrations considering the low Nd concentration of 0.0243
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(a) (b)

(c) (d)

Figure 3.37: HAADF images showing the segregation of Y to grain boundaries in
magnesium-0.15 at%Y after cold rolling and annealing for one hour at 400◦C. Two grain
boundaries were observed; a,c) grain boundary one and b,d) grain boundary 2, at low

and high mag respectively.
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Figure 3.38: EDX map showing the segregation of Y across two different grain boundaries,
in magnesium-0.15 at%Y after cold rolling and annealing for one hour at 400◦C. Mapped
regions are indicated by green box in HAADF images a,b). e,f) plot the concentration
of Y across the two different grain boundaries analysed. Each curve within each plot is

from a different area of the same boundary.
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(a) HAADF (b) Y

Figure 3.39: High resolution EDX map showing segregation of Y to grain boundaries in
magnesium-0.15 at%Y after cold rolling and annealing for one hour at 400◦C. Mapped

region is indicated by green box in HAADF image a).

at% in this alloy. Even after allowing for errors in EDX quantification it seems that the

majority of Nd in this alloy is present in precipitates. Figure 3.43 shows that while most

of the observed Nd precipitates contained Fe or O impurities, some Nd was present in

primarily Nd containing particles.

As Nd is expected to be in solution at these concentrations the present results suggest

either low level impurities such as Fe and O significantly change the solubility of Nd or

the magnesium-Nd phase diagram is not accurate at these low concentrations. This could

be a critical factor in understanding the critical RE concentration for texture weakening

because the RE effects are thought to be primarily solute based. In the Nd alloy little

solute Nd was found, no RE texture weakening was observed, emphasising the importance

of understanding the solubility of each RE particularly in the presence of impurities and

other alloying additions.

In summary RE additions in the 0.15 at%Y alloy, which demonstrated RE texture weak-

ening, where found to strongly segregate to grain boundaries. While no segregation of Nd

atoms was observed in the 0.0243 at% Nd alloy, which did not display RE effects. In this

alloy the majority of Nd was found to precipitate with impurities. This supports the as-

sertion that segregation of solute RE elements to grain boundaries is critical in activating

the RE effects, this is explored in Section 5.3.
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(a) HAADF (b) Y (c) O

Element Concentration at%

Mg 92.17
Y 3.7
O 3.53
Fe 0.21

(d)

(e)
HAADF

(f) O (g) Fe

(h) Y

Element Concentration at%

Mg 72.59
O 20.24
Fe 5.19
Y 0.88

(i)

Figure 3.40: High resolution EDX maps showing composition of particles found in
magnesium-0.15 at%Y after cold rolling and annealing for one hour at 400◦C. Mapped
region is indicated by green box in HAADF images a) and e). The regions analysed to

to give indicated compositions are shown by red boxes in a) and e)
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Element Concentration at%

Mg 63.63
Nd 5.97
O 28.33
Fe 0.16

(a) (b) HAADF (c) Nd

(d) O (e) Fe

Figure 3.41: High resolution EDX map showing composition of particles found in
magnesium-0.0243 at% Nd alloy after cold rolling and annealing for one hour at 400◦C.

Mapped region is indicated by green box in HAADF image a).

Element Concentration at%

Mg 81.71
Nd 12.16
Fe 2.57
O 1.54

(a) (b) HAADF (c) Nd

(d) O (e) Fe

Figure 3.42: High resolution EDX map showing composition of particles found in
magnesium-0.0243 at% Nd alloy after cold rolling and annealing for one hour at 400◦C.

Mapped region is indicated by green box in HAADF image a).
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(a) HAADF (b) Nd (c) Fe

Element Concentration at%

Mg 95.99
Fe 1.46
Nd 0.51
O 1.49

(d) Particle A (e) O

Element Concentration at%

Mg 89.16
Fe 9.02
Nd 0.31
O 0.97

(f) Particle B

Figure 3.43: High resolution EDX map showing composition of particles found in
magnesium-0.0243 at% Nd alloy after cold rolling and annealing for one hour at 400◦C.

Mapped region is indicated by green box in HAADF image a).



Chapter 4

Modelling Cold Rolling

4.1 Crystal Plasticity Modelling

4.1.1 Constitutive Model

Crystal plasticity modelling is used to predict the deformation behaviour and texture

evolution in a polycrystalline material from the constitutive behaviour at the single crystal

level. In each model, this relationship is controlled by constitutive laws which define

material behaviour by linking strain rate and stress to a variety of material parameters

such as dislocation density, critical resolved shear stress and texture[208]. Constitutive

equations generally consist of a state equation of the form

σ = f(ε̇ Xi). (4.1)

This links stress (σ) to strain rate (ε̇) and all the other state variables included in the

model (Xi). The state equation is associated with a variety of evolution equations which

define how each state variable evolves as a function of the other variables;

Ẋi = f(ε̇, Xj). (4.2)

In principle there are two types of constitutive model; phenomenological models and

physics based models. Phenomenological models are more empirical and are not nec-

essarily based on the real physics of the situation, unlike physics based models which

are in principle true reflections of the material physics. In crystal plasticity modelling

the most common phenomenological constitutive law defines the critical resolved shear

stress (τ0) as the state variable controlling dislocation slip (and therefore plastic strain)

on each slip system [209]. In this regime, slip occurs on a given system once the resolved

140



Modelling 141

shear stress exceeds τ0. An equivalent physics based constitutive law for dislocation slip

uses dislocation density as a key state variable. The choice of constitutive equation is a

balance between the computational cost and the level of detail needed from the model.

Currently the phenomenological model described above is frequently used as τ0 can be

experimentally measured relatively easily from single crystal investigations, unlike dislo-

cation density which is far more difficult to quantify experimentally (especially on the

macro-scale). A sate equation is then used to link the strain rate to the applied stress in

each grain [210], this may take various forms however, models differ more significantly in

how these state equations for each grain combine to meet macroscopic boundary condi-

tions. The approaches can broadly be considered as either mean field or full field [211].

Full field approaches treat grain-grain interactions explicitly, with the strain rate in each

grain a function of how hard or soft the surrounding grains are. In contrast, a mean

field model treats grain-grain interactions in an average way, with each grain subject to

the same average response from the matrix. In principle, full field approaches offer the

highest accuracy as explicitly modelling grain-grain interactions may reproduce complex

structural inhomogeneity with more precision than the average approach of mean field

methods. However, full field approaches are significantly more computationally expensive

than the relatively simple mean field approach. In the following we review some lead-

ing full and mean field models and discuss their application to crystal plasticity in h.c.p

systems.

4.1.2 Mean Field Models

Mean field models come with a significant reduction in computational cost over full field

models as each grain experiences an average interaction with all other grains, meaning

explicit grain grain interactions do not need to be calculated. The process of spreading

the macroscopic boundary conditions across all grains to produce this average interaction

term is known as homogenisation. There are various homogenisation schemes available,

all of which ensure that the macro-level boundary conditions are met while allowing

each individual grain to deform differently (to a greater or lesser extent) based on its

internal state functions. Homogenisation schemes are bounded by two models; the upper

bound of the Taylor (full constraints) model and the lower bound of the Sachs model.

The Taylor model represents the stiffest interaction between grain and matrix where

each grain is confined to experience the macroscopic strain applied [212]. In this way

strain is accommodated homogeneously throughout each grain in the material meeting the

boundary conditions. The lower bound Sachs scheme enforces each grain to experience an

equivalent material stress behaving as if it were an unconstrained single crystal, allowing

an inhomogeneous strain distribution in the material. Neither case is appropriate for
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anisotropic h.c.p materials, where grains with a soft orientation for slip would be expected

to deform more than grains with a hard orientation. The Taylor model enforces both

hard and soft grains to accommodate equivalent strain. While in the Sachs model soft

grains are allowed to deform too much as they are not constrained by hard oriented

grains in the matrix[213]. There are a range of intermediate solutions available, most

commonly the Tangent and Secant approximations are applied, they are defined fully

in [213, 214]. In both cases the interaction is defined by the macroscopic stress and

strain rate applied to the system, with the secant model a linear function defined by

the origin and macroscopic stress and strain rate[213, 215]. The Tangent response is a

linear tangent of the macroscopic stress strain rate function defined by a first order Taylor

expansion at the given macroscopic stress and strain rate[210, 213, 216]. Other first order

approximations include the Affine which [217] expands on the secant approach making it

softer[217]. Various other second order homogenisation schemes are available which try

to retain the computational cost of the mean field approach while increasing the accuracy

of simulations[213, 214, 218].

Comparison of the effectiveness of the linear first order homogenisation schemes described

above in h.c.p materials have been carried out by various authors [26, 213, 219] showing

as expected the Tangent and Secant approaches represent compliant and stiff matrix in-

teractions respectively[26]. A full comparison of the predictive capabilities of each of

these first order homogenisation functions suggests the Affine approximation is the best

homogenisation scheme for magnesium AZ31[26]. The study shows that while all of the

above schemes may be fitted to experimental RD tension and RD compression flow stress

curves, the predictions made by these fitted models vary in accuracy. The Tangent inter-

action significantly underestimates flow stress of ND compression, due to overestimation of

basal slip at low strains. Similarly the Secant model poorly predicts Lankford coefficients,

both of which are well predicted by the Affine model.

Once chosen, the constitutive equations and homogenisation scheme must be combined to

form the overall model. In the present work we focus on the Visco-Plastic-Self-Consistent

(VPSC) method has been used, developed by Molinari et al. [216] and extended to

anisotropic materials by Lebensohn and Tomé [210, 220]. The Los Alamos VPSC model

has been successfully used to model crystal plasticity in a variety of cubic and h.c.p sys-

tems [25, 25, 26]. Using the Eshelby inclusion formalism [221] each grain is modelled as

an ellipsoid inclusion within a homogeneous effective medium (HEM). The HEM effec-

tively simulates the macroscopic stresses and strains and grain-grain interactions using

the chosen homogenisation scheme. Without considering the detailed mechanics of this

model, which are discussed at length elsewhere, the method used to incorporate mechani-

cal twinning and work hardening in the Los Alamos VPSC model are summarised below.
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Work hardening on each slip system s is normally simulated using a Voce type hardening

law [222];

τ̂ s = τ s0 + (τ s1 + hs1γacc)

(
1− exp

(
−h

s
0

τ s1
γacc

))
(4.3)

where τ s is the CRSS required to activate the slip system s. τ , h and γacc represent

CRSS’s, hardening rates and accumulated shear strain respectively with subscript 0 indi-

cating initial values and 1 indicating the asymptotic values.

Twinning is a critical deformation mode in h.c.p materials and causes a significant amount

of anisotropy in mechanical properties. It differs from slip in two ways; shear only occurs

in one direction and a fixed and well defined amount of shear forms only once a twin has

formed and so is not continuous like slip. This causes a number of problems in modelling

twinning, in deciding which grains should twin and also dealing with the interaction of

twinned region with the matrix, as a twin has such a high misorientation with respect to

the parent grain it effectively acts like a new grain. An increasing number of grains during

a computation limits efficiency with simulations often becoming too large to run[210].

There are various approaches to dealing with twinning in crystal plasticity modelling[84,

223]. In the Los Alamos VPSC model the Predominant Twin Reorientation (PTR) scheme

is usually applied[84]. In this scheme, twinning is modelled essentially as slip which only

occurs in one direction with a representative CRSS required to activate it. At each time

step the volume fraction of twinned material in each grain is calculated and summed

over all grains giving a ‘real’ volume fraction of twinning over each twin system for the

simulation (FR). A threshold value (FT ) for twin reorientation is defined based on the

‘real’ twin volume fraction at that point in the simulation and the fraction of twinned

grains that have been reoriented (FE);

FT = 0.25 + 0.25
FE

FR
. (4.4)

At each time step if the twin volume fraction within an individual grain exceeds this

threshold value the entire grain is reoriented. In this way twinning predominantly occurs

in grains with the highest twinning activity and, because the threshold twin fraction is

related to the total fraction of twinned grains, this threshold grows during the simulation.

The constants used in Equation 4.4 may be adjusted to fit the model to observations [84].

The VPSC model with the PTR twinning scheme has been widely used to model the be-

haviour of hexagonal materials with significant successes. In particular, tension-compression

yield anisotiopy in magnesium sheet has been captured [26, 82, 83] together with Lankford

coefficients [25, 82, 118, 210] and the full yield locus of a zirconium system [210]. VPSC

has also been combined with a suitable failure criterion (Marciniak-Kuczynski method)

to predict the forming limit diagram of magnesium sheet[118]. An extension of the VPSC
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model to include elastic behaviour, the Elastic Plastic Self Consistent (EPSC) model,

summarised in [224], has also been developed, applied to magnesium and validated using

neutron diffraction, where the flow curves and internal strain development were success-

fully simulated [225, 226].

In the above cases the CRSS’s, and hardening parameters of each slip system have been

tuned to accurately reproduce the macroscopic material behaviour such as flow stress

curves and Lankford coefficients. After fitting, other material parameters such as a slip

and twinning mode activity, deformation textures and hardening behaviour can be pre-

dicted for any number of conditions. However, the accuracy of these predictions are

strongly sensitive to the quality of experimental fitting, as experimentally determined

CRSS’s from single crystal experiments are not generally applicable to polycrystalline

material [25–27, 43, 44, 64, 227] and as a result fitted variables change widely from study

to study and alloy to alloy. Model predictions are therefore only likely to be accurate for

material and deformations similar to those used to fit the model initially.

The model is also intrinsically limited in its reproduction of micro scale parameters such

as recovery and grain size both of which are accounted for in an average way within the

Voce hardening law (Equation 4.3). While the model has been extended in various ways

to account for other temperature dependent behaviours, such as dynamic recrystallisa-

tion, the mean field approach is only able to reproduce these behaviours in an average

way such that the physics of many micro scale events such as twinning, work hardening

and recrystallisation is inevitably lost. These effects are quantified explicitly in full field

models.

4.1.3 Full Field Models

In order to explicitly deal with grain-grain interactions a full field model is required.

The most commonly applied full field model utilises the finite element (FE) method.

In this methodology the material microstructure is discretised into a finite number of

representative volume elements (RVEs), the scale of the RVEs ranges from one element per

grain [44] to hundreds of elements per grain [228] depending on the purpose of the model.

FE modelling essentially solves equations balancing forces and displacements within each

element, summing these solutions together meets a given set of macroscopic boundary

conditions. Finite element crystal plasticity modelling (CPFEM) is the application of

the FE methodology to simulate crystal plasticity, introduced by Peirce et.al [229] and

reviewed in detail by Roters et.al [209]. In principle CPFEM models may apply the same

constitutive and twinning models as discussed for mean field approaches, solving them

using the FE approach.
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CPFEM has had considerable success in modelling deformation in h.c.p materials includ-

ing magnesium [230–234]. The technique has been successfully used to simulate macro

scale forming and deformation processes including flow stress curves and Lankford values

under various deformation conditions, reproducing yield stress anisotropies in magnesium

similarly to mean field models [235–237]. Unlike mean field models, CPFEM models

can be extended to simulate deformation on the microstructural level [228, 238, 239]. It

can even be applied to specific microstructures, which can be measured using EBSD and

the results of simulations can then be directly compared to experimental deformation of

the same microstructure to validate the model [238, 240]. Grain level strains simulated

by CPFEM can also be validated using neutron diffraction data to probe intra granular

strains [239].

While CPFEM has been used with significant success to model h.c.p systems on a variety

of scales such accuracy comes with significant computational costs. So while in principle

a full field model may explicitly model each grain in the microstructure in practice this

is not possible when simulating deformation of large parts[209, 228]. In such cases some

kind of homogenisation scheme is required, where each element may represent anything

from one to hundreds of grains[209].

4.1.4 Summary

In summary, while significant advances in crystal plasticity modelling have been made in

recent years all modelling approaches face a trade off between computational cost and

accuracy. Full field approaches such as CPFEM offer the best prospects for reproducing

a full range of material effects from intergranular stresses to twinning however at sig-

nificant computational cost. At the other end of the spectrum, mean field models are

able to simulate a wide range of macroscopic properties at relatively low computational

cost. However, these models are unable to explicitly account for microstructural effects

such as grain morphology and work hardening which must be approximated though a

homogenisation scheme.

4.2 Model Parameters

In the following the mean field VPSC crystal plasticity model is used to simulate the rolling

of magnesium and estimate the impact changes in the activity of each deformation mode

has upon the deformation texture of the material. The minimum parameter approach

to crystal plasticity modelling proposed by Hutchinson, Jain and Barnett [45] has been

adopted, this approach has successfully simulated changing r values during a tensile test
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of AZ31 magnesium sheet. In this approach the many variables of the VPSC model are

minimised by approximating the same work hardening for each slip system described by

h0, τ1 and a microstructure constant. The authors argue this approximation is justified as

each slip system intersects the same matrix and so hardening of one system is also likely

to harden the others. With these approximations the Voce hardening law Equation 4.3

becomes;

τ̂ s = τ s0 + τ1

(
1− exp(−h0

τ1
γacc)

)
, (4.5)

where h0 and τ1 are no longer dependent on which slip system s is operational. As latent

hardening and self hardening are excluded in this model the components of the hardening

matrix are set to unity, such that each deformation mode experiences the same hardening.

The authors use the same approximation on twinning systems for simplicity although the

argument for hardening of twinning systems is more complex than that for slip system

hardening.

As a benchmark the variables optimised for AZ31 by Hutchinson et.al are used, these are

given in Table 4.1. The τ0 for each slip system are an average of experimentally mea-

sured values from single crystals [27]. Tension twinning has been added to the model a

fundamental CRSS of 7 MPa is used based on the work of Chapuis and Driver [28], from

which Hutchinson et.al estimate the CRSS of compression twinning. Identical adjustable

parameters as Hutchinson et.al are also used for the hardening and microstructure con-

stants.

Table 4.1: Parameters used in the VPSC model, based on the minimum parameters
approach by Hutchinson et.al[45]

Parameter Value

CRSS Basal 〈a〉 1 MPa
CRSSPrism 〈a〉 46 MPa

CRSS Pyram 〈c+ a〉 65 MPa
CRSS Compression Twin 85 MPa

CRSS Tension Twin 7 MPa
Shear Compression Twin 0.14

Shear Tension Twin 0.13
Microstructure Constant 35 MPa

h0 1500 MPa
τ1 70 MPa

4.3 Benchmark Magnesium Rolling

Rolling was simulated by plane strain compression of 500 random orientations simulating

a random texture, Figure 4.1 c,g). The simulation was carried out in increments of 0.001
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strain up to a maximum εtotal = 2.0, the model does not include DRX effects and so it is

effectively a cold rolling simulation. Results of the benchmark simulation are presented in

Figure 4.1. These conditions produce a flow stress curve with a reasonable yield point for

magnesium of ≈ 150MPa, however the flow stress curve does not pass through the origin

or fail during the present simulation. These anomalies are because the VPSC model does

not simulate elastic effects or failure of the material. As the impact of changing CRSS

values on texture is of primary interest elastic effects are overlooked and it is simply

noted that material failure is likely to occur significantly before εtotal = 2.0, at around

εtotal = 0.5 during cold rolling of ZEK100, Section 3.2.3. Figure 4.1 also shows a plot of

the activity of each slip system as a function of strain. Activity is defined as the fraction

of strain accommodated by each slip system at each strain increment;

Activitys =
εsstep∑s εsstep

(4.6)

where s is the deformation mode and εstep is the strain advanced during each simulation

step. In the benchmark simulation basal slip is found to the dominant deformation mode

followed by pyramidal and prismatic slip, the activity of these latter deformation modes

quickly drops off during the deformation as grain orientations harden during straining.

Tension twinning is very active up to ε = 0.1 however again this mode quickly becomes

in-active once favourable twinning orientations are exhausted. Contraction twinning is

not predicted to be active during this deformation.

Finally basal and prismatic pole figures are presented for strains of 0.2, 0.5 and 2.0. After

0.2 strain tension twinning and basal slip have formed a TD band of orientations which

gradually forms two lobes in the RD after 0.5 strain. The intensity of these lobes increases

after 2.0 strain, however in reality the material would probably fail long before ε = 2.0,

especially during cold rolling. The formation of the RD split in the basal texture has

been observed experimentally (Figure 1.32 a)) and in VPSC simulations where the split

is attributed to the activity of the pyramidal slip system [83]. These modelling conditions

reasonably reproduce experimental flow stress curves and textures as well as previous

VPSC simulations and so they will be used as a benchmark for further investigations.

4.4 Contribution of Each Slip System to Deformation Tex-

ture

The deformation texture of each simulation is a function of the activity of each slip system,

in this experiment each deformation mode is individually deactivated and the effect on

deformation texture is observed. Note that these are not necessarily physically probable
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Figure 4.1: Figure showing a) flow stress curve, b) slip system activities and c-j) defor-
mation textures after 0.0, 0.2, 0.5 and 2.0 true strain after the benchmark simulations.

scenarios and are merely intended to give an idea of the effect of each system.

Basal Slip Figure 4.2 a-c) shows deactivating basal slip forces pyramidal slip to be-

come the dominant deformation mode. After 0.5 strain this leads to a more diffuse basal

texture in comparison to the benchmark tests, however the split basal texture in the RD

remains and the increased pyramidal activity appears to increase the misorientation of

this split relative to to the normal direction.

Prismatic Slip Absence of prismatic slip increases the activity of pyramidal slip during

the deformation which appears to intensify the split basal texture in the RD, Figure 4.2d-

f). There are also fewer orientations spread between the ND-TD when prismatic slip is

deactivated

Pyramidal Slip As previously noted pyramidal slip is thought to control the ND-RD
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split basal texture in VPSC simulations, as a result deactivation of pyramidal slip leads

to a strong basal texture typical of magnesium alloys, Figure 4.2g-i). Without pyramidal

slip basal and prismatic slip are the dominant deformation modes aligning basal planes

parallel to the sheet plane. Figure 4.2g) shows an instability in the simulation at ε = 1.0,

however this does not affect the deformation textures presented at ε = 0.5. We note also

that the absence of pyramidal slip has led to the peaks in the prismatic pole figure, Figure

4.2i) characteristic of the {0001}〈112̄0〉 texture component. This is not observed in any

other simulation.

Twinning The deactivation of contraction and tension twinning are considered inde-

pendently, Figure 4.2 j-o). As compression twinning was not active during the benchmark

test no change is observed in simulation results when this mode is deliberately deacti-

vated. Deactivating tension twinning increases the activity of prismatic slip and contrac-

tion twinning in the early stages of the deformation, pyramidal slip activity also reduces.

This combination of increased contraction twinning and reduced pyramidal slip appears

to create a wider spread of orientations in the TD, although the RD texture split is still

dominant.

In summary the activity of pyramidal slip is predicted to be the most important parameter

in determining the deformation texture morphology. High pyramidal activity increases the

split of the basal texture in the RD while deactivation of this deformation mode removes

the split entirely. The relative activity of the twinning modes also appears important

in controlling the spread of orientations in the TD, with increased contraction twinning

increasing the TD spread. None of the above conditions produce the a basal texture split

in the TD as observed in recrystallised ZEK100, however a small number of orientations

spread in the TD (possibly by increased contraction twinning) may nucleate the TD split

during recrystallisation.

4.4.1 Changing Deformation Mode Activities

The effect of changing the CRSS of each slip system, rather than deactivating each system

entirely, is studied in the following. In particular the effects of increasing non-basal

prismatic and pyramidal slip together with increased contraction twinning on deformation

textures are of interest, as both these effects are associated with RE addition. Increased

non basal slip may thus help to explain the formation of RE textures if it leads to non-

basal orientation in the microstructure which could subsequently nucleate RE textures,

such as the TD split basal texture of ZEK100 or the weak basal texture of the binary

magnesium-rare earth alloys.
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Figure 4.2: Figure showing the effect of individually deactivating each deformation mode
during plane strain compression. Slip system activities are shown to ε = 2.0 and defor-

mation textures are reported at ε = 0.5.
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4.4.1.1 Increasing Non-Basal Slip

Pyramidal slip has been identified as very influential on the deformation texture mor-

phology during rolling. Figure 4.3 shows the predicted effect of reducing the CRSS of

pyramidal slip from 65MPa to 10MPa on slip system activities and deformation textures.

Reducing the CRSS increases the peak activity of pyramidal slip from 0.45 to 0.7, Figure

4.3a). This leads to the dominance of pyramidal slip during the deformation, Figure 4.3

g), and a split basal texture in the RD Figure 4.3d). The misorientation of this RD split

with respect to the ND falls as pyramidal slip activity increases, which is consistent with

the literature. This texture morphology is similar to the case where prismatic slip was

deactivated, Figure 4.2e), as deactivation of prismatic slip had a similar effect promoting

pyramidal slip activity.

Figure 4.4 shows the effect of reducing the prismatic CRSS from 46MPa to 10MPa. This

had a negligible effect on the deformation texture, Figure 4.4d), which shows a slightly

increased spread of orientations in the TD, however the RD split remains dominant.

Finally increasing the CRSS of basal slip relative to all other deformation modes was

investigated by increasing it from 1MPa to 100MPa. This should give an indication of the

effect on the texture if all other deformation modes become relatively softer in comparison

to basal slip. The results are shown in Figure 4.5, in which raising the basal CRSS to

100MPa reduces the minimum activity of the system from 0.4 to 0.05, making pyramidal

slip the dominant deformation mode. In this case the RD texture split is prominent

although more diffuse than in the benchmark case, a slight spread of orientations in the

TD remains.

In summary the reduced CRSS of pyramidal slip expected in RE alloys, is predicted to

increase the RD-ND misorientation of the split basal texture, while reduced prismatic

CRSS does not appear to have a significant effect on the texture morphology. In both

cases the increased spread of orientations about the ND observed in recrystallised RE

textures, is not predicted. On the other hand raising the CRSS of basal slip, and thereby

effectively softening all other systems, does seem to produce a more diffuse spread of

orientations around the RD split after ε = 0.5.

4.4.1.2 Effect of Twin Activity

Rare earth alloys are frequently reported to show significantly different twinning activity

to that typically expected in magnesium. In particular contraction twinning is often

reported to be more active in RE systems. This effect is simulated in Figure 4.6 by

reducing the compression twinning CRSS from 85 to 10 MPa which increases compression



Modelling 152

0.0 0.5 1.0 1.5 2.0
0.0

0.2

0.4

0.6

0.8

1.0

ε

A
ct
iv
it
y

Pyramidal 65MPa
Pyramidal 35MPa
Pyramidal 15MPa
Pyramidal 10MPa

(a) Pyramidal CRSS=10MPa

(b) {0001}
Pyramidal

CRSS=65MPa

(c) {101̄0}
Pyramidal

CRSS=65MPa

(d) {0001}
Pyramidal

CRSS=10MPa

(e) {101̄0}
Pyramidal

CRSS=10MPa

0.0 0.5 1.0 1.5 2.0
0.0

0.2

0.4

0.6

0.8

1.0

ε

A
ct
iv
it
y

Basal
Prismatic
Pyramidal

Contraction Twinning
Tension Twinning

(f) Pyramidal CRSS=65MPa

0.0 0.5 1.0 1.5 2.0
0.0

0.2

0.4

0.6

0.8

1.0

ε

A
ct
iv
it
y

Pyramidal 10MPa

(g) Pyramidal CRSS=10MPa

Figure 4.3: Effect of changing CRSS of pyramidal slip during plane strain compression
on a) the activity of pyramidal slip, b-e) {0001} and {101̄0} pole figures measured at
ε = 0.5 and f,g) activities of each slip system during plane strain compression, where the

CRSS values of pyramidal slip are set at 65MPa and 10MPa.
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Figure 4.4: a) Effect of changing CRSS on the activity of prismatic slip during plane
strain compression. b) and c) {0001} pole figures showing the effect of prismatic slip on
the deformation texture of a randomly textured material during plane strain compression.
d) and e) activities of each slip system during plane strain compression with different

prismatic slip CRSS’s.
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Figure 4.5: a) Effect of changing CRSS on the activity of basal slip during plane strain
compression. b) and c) {0001} pole figures showing the effect of basal slip on the defor-
mation texture of a randomly textured material during plane strain compression. d) and
e) activities of each slip system during plane strain compression with different basal slip

CRSS’s.



Modelling 155

twinning activity to a maximum of 0.56. Increased compression twinning activity reduces

the contribution of basal and prismatic slip to the deformation textures at strains of

0.5 and completely deactivates tension twinning, leaving pyramidal slip to become the

dominant deformation mode. As in previous examples increased pyramidal slip leads to

a discretisation of the RD split in the basal texture Figure 4.6 d). Of particular note

is that there is no observable TD split in the basal pole figure, which is observed in the

recrystallisation textures of ZEK100.

The ratio of contraction to tension twins in the microstructure is also increased by raising

the CRSS of tension twinning which indirectly increases the activity of contraction twins.

Figure 4.7 illustrates where tension twinning is inactive (when the CRSS is 160MPa)

compression twin and pyramidal slip both increase in activity. These increased activities

lead to slightly greater TD spreading of basal orientations 4.7d) in the deformed textures

at 0.5 strain.

4.5 Simulating Cold Rolling of ZEK100

The VPSC model can also be used to simulate the cold rolling of ZEK100 and predict

the relative activities of each deformation mode under the different rolling schedules. The

simulations should give an estimate of the activity of each deformation mode during cold

rolling. Dislocation density is thought to be very significant in the ‘RE’ recrystallisation

mechanism and so changes in the activity of each slip system during deformation may

be expected to correlate with the different recrystallised textures produced after straight

cold rolling (SCR), transverse cold rolling (TCR) and equal cold rolling (ECR).

4.5.1 Straight Cold Rolling

To simulate cold rolling of ZEK100 the experimentally measured hot rolled ZEK100 tex-

ture was used with the VPSC model by selecting 500 random points from a bulk texture

measurement of the material. The input texture used is presented in Figure 4.8 a,b) and

experimentally measured texture of as received material in Figure 4.8 i,j). As a start-

ing point the input parameters used in the benchmark analysis above were used (where

pyramidal slip has a CRSS of 63MPa), simulated textures and activities for plane strain

compression to -0.47 strain are shown in Figure 4.8 c,d and g). For comparison the ex-

perimental textures of ZEK100 cold rolled to -0.47 strain are shown in Figure 4.8 k,l).

The simulated textures are very similar to previous simulations with a split basal texture

in the RD which does not resemble the experimentally measured texture. However, by

increasing the CRSS of pyramidal slip to 160MPa the simulation produces a deformation
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Figure 4.6: a) Effect of changing CRSS on the activity of contraction twinning during
plane strain compression. b) and c) {0001} pole figures showing the effect of contraction
twinning on the deformation texture of a randomly textured material during plane strain
compression. d) and e) activities of each slip system during plane strain compression

with different contraction twinning CRSS’s.
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Figure 4.7: a) Effect of changing CRSS on the activity of tension twinning during plane
strain compression. b) and c) {0001} pole figures showing the effect of tension twinning on
the deformation texture of a randomly textured material during plane strain compression.
d) and e) activities of each slip system during plane strain compression with different

tension twinning CRSS’s.
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Table 4.2: Table showing the total percentage of strain accommodated by each deforma-
tion mode during SCR, TCR and ECR simulations.

Schedule Pyram CRSS Strain Basal Pris Pyram Compression Tension
MPa % % % % %

SCR 65 -0.47 36.4 25.1 35.5 0 3.3
SCR 160 -0.47 46.4 45.2 5.9 0 2.6
TCR 160 -0.37 68 12.6 14.1 0 5.7
ECR 160 -0.25 59.8 22.6 9.7 0 8.2

texture (Figure 4.8 e,f)) similar to the experimentally measured one (Figure 4.8 k,l). The

percentage of strain accommodated by each deformation in both simulations is presented

in Table 4.2 and Figure 4.9, showing that the rise in pyramidal CRSS is associated with

20% increase in prismatic slip and a 10% increase in basal slip, meaning that strain dur-

ing rolling is accommodated equally between the basal and prismatic systems. As the

predicted deformation texture with a high pyramidal CRSS of 160 MPa is most similar to

the experimentally measured texture, it is proposed the higher CRSS for pyramidal slip is

more representative of the deformation occurring in the material and resultantly we use

this value in the following simulations.

4.5.2 Transverse Cold Rolling

TCR of the as received ZEK100 was also simulated with the pyramidal CRSS set to

160MPa, the predicted deformation texture after -0.37 strain is shown in Figure 4.10

a,b). Comparison with Figure 4.10 e,f) shows the simulated texture is quite similar

to the texture measured experimentally after TCR to -0.37 strain. The activities of the

deformation modes during this simulation are presented in Figure 4.9 and Table 4.2, where

basal slip is the dominant deformation mode with a significantly high activity of tension

twinning in the early stages of the deformation. In comparison to SCR the activity of

basal and pyramidal slip are 20% and 10% higher respectively in TCR, while the activity

of prismatic slip falls by 30%.

4.5.3 Equal Cold Rolling

ECR was an attempt to impart the same levels of strain during rolling in directions

perpendicular and parallel to the original hot RD (RDHR). This was achieved by rotating

the specimen by 90◦alternately after each rolling pass. In practice it was not possible

to impart the same strain during each pass and so we dynamically adjusted the rolling

schedule to equalise the strain, leading to an unequal number of passes in each direction

see Table 3.4. The VPSC model has been used to directly reproduce the experimental
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Figure 4.8: a,b) Input texture for the VPSC cold rolling simulations. c,d) Predicted
texture after straight cold rolling to -0.47 strain with the benchmark CRSS for pyrami-
dal slip of 63MPa. e,f) Predicted texture for straight cold rolling where the CRSS for
pyrmaidal slip is 160 MPa. g,h) Slip system activities for simulations with the CRSS for
pyramidal slip 63 MPa and 160 MPa respectively. i,j) experimental as received hot rolled

ZEK100 texture and k,l) experimental as cold rolled texture.
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Figure 4.9: Percentage Activities of each deformation mode during SCR, TCR and ECR
as predicted by the VPSC model.

rolling schedule in Table 3.4, where 6 rotations were required. The CRSS of pyramidal

slip was maintained at 160MPa in these simulations.

The simulated ECR texture is presented in Figure 4.10 c,d) together with the experi-

mentally measured ECR texture in g,h) for comparison. The simulated texture appears

to show a good correlation with the experimental one, reproducing the diffuse spread

of the basal texture in the TD, however the model suggests peaks in the prismatic pole

figure with 〈112̄0〉 directions parallel to the RD, which are not experimentally observed.

Deformation mode activities are plotted in Figure 4.10 j) with rotations of the mate-

rial highlighted by vertical dashed lines, the percentage strain accommodated by each

deformation mode is given in Table 4.2 and Figure 4.9.

The most significant effect of rotating the material between passes appears to be on the

activity of prismatic slip; when rolled parallel to RDHR prismatic slip activity is high,

however when rotated such that the RD is perpendicular to RDHR prismatic slip activity

is suppressed, Figure 4.10 j). Where prismatic slip is suppressed basal slip accommodates

the majority of the strain causing a corresponding complimentary increase in basal slip

activity. This results in the relative activities of prismatic and basal slip in ECR falling

between upper and lower boundaries of the other two rolling processes. In comparison to

TCR prismatic slip activity has increased by 10% in ECR while basal slip activity falls

by approximately 10% as shown in Table 4.2. The proportion of strain accommodated

by each deformation mode as a function of rolling direction in ECR is shown in Table

4.3. In ECR 22.6% of the total deformation mode activity is due to prismatic slip and

Table 4.10 shows of that 19.5% occurred during rolling parallel to the RDHR while only

3.1 % occurred during rolling perpendicular to the RDHR. This could be significant in

RE texture formation as the ECR material does not produce the same TD split in the

recrystallised texture as the SCR or TCR material. The dislocation content has been
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Figure 4.10: Simulation of transverse cold rolling to ε = −0.37 and equal cold rolling
to ε = −0.25, 0.14 strain with RDCR ‖ RDHR and 0.11 strain with RDCR ⊥ RDHR,
pyramidal CRSS set to 160 MPa in both cases. a,b) Predicted TCR texture after 0.37
strain and c,d) predicted ECR texture after experimental rolling schedule to ε = −0.25.
e,f) and g,h) experimental TCR and ECR textures respectively. i,j) Predicted slip system

activities during TCR and ECR rolling processes.

cited as a key factor in determining the recrystallisation mechanism and is discussed in

Section 1.8.1.
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Table 4.3: Table showing the total percentage of strain accommodated by each deforma-
tion mode during ECR simulations to ε = −0.25 when the cold rolled RD was parallel

and perpendicular to the RDHR respectively.

Cold RD Strain Basal Prismatic Pyramidal Compression Tension
MPa % % % % %

‖ RDHR -0.13 30.5 19.5 5.4 0 1.4
⊥ RDHR -0.11 29.4 3.1 4.3 0 6.8

4.6 Summary

VPSC modelling as been used to simulate the cold rolling behaviour of magnesium alloys.

The approach and parameters of Hutchinson et.al produce acceptable flow stress curves

and deformation textures in which the deformation texture forms a characteristic split of

the basal planes in the RD typical of many magnesium alloys. Pyramidal slip is found to

be most significant in forming this RD split, as where pyramidal slip is inactive equivalent

rolling simulations produce a strong basal texture with basal planes parallel to the sheet

plane. Deactivation of the remaining deformation modes did not cause significant changes

to the predicted deformation texture and where changes were observed we suspect them

to be related indirectly to a change in pyramidal slip activity. The influence of pyramidal

slip predicted by the model was directly observed by reducing its CRSS which increased

the misorientation of the RD split with respect to the ND as pyramidal slip activity rose.

In contrast reducing the CRSS of other non-basal systems, including prismatic slip had

relatively little impact on the deformation texture.

The model has been used to predict if changes in deformation mode activities might be

expected to nucleate orientations from which the RE texture components could grow,

such as the weak basal texture in binary alloys or TD split of the ZEK alloys. Overall

there is little evidence of such orientations becoming more common, with the exception of

hardening basal slip, which appears to promote a more diffuse spread of the RD texture

split, and reducing the activity of tension twins which slightly increased the number

of orientations spread in the TD. In both cases the evidence is not clear cut and the

generation of these RE orientations is though to be more complex than this model can

simulate. In particular the role of shear bands, not accounted for in the VPSC model may

be critical in the nucleation of these orientations.

The VPSC model was extended to model the cold rolling experiments of ZEK100 by SCR,

TCR and ECR. In order to accurately reproduce experimental deformation textures the

CRSS of pyramidal slip was increased to 160 MPa producing simulated textures in good

agreement with experiment. The dominant deformation systems are thus predicted to

be basal and prismatic slip, SCR with the RD parallel to the RDHR producing a 50:50
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split between basal and prismatic slip. While TCR with the RD perpendicular to RDHR

favours primarily basal slip. Both of these materials recrystallise with a split in basal

texture in the cold rolled TD. In comparison after ECR ZEK100 recrystallises with only

a weakened deformation texture. The VPSC model predicts that in ECR the overall

activity of each deformation modes lies between upper and lower limits defined by SCR

and TCR in each case. The model also predicts that the majority of prismatic slip occurs

during rolling parallel to the hot RD, as might be expected given the previous results.

The potential impact of the differing slip system activities on recrystallisation textures

will be discussed in Chapter 5.



Chapter 5

Discussion

5.1 Rare Earth Textures In Binary Magnesium-Rare Earth

Alloys

In Section 3.1 the deformation and recrystallisation textures of a variety of magnesium-RE

alloys after hot rolling and subsequent static recrystallisation were presented. All alloys

produced deformation textures typical of magnesium in which basal planes are aligned

parallel to the sheet plane, however during static recrystallisation a range of behaviours

were observed; in some alloys recrystallisation strengthens basal textures while in others

it weakens them, to varying extents. In the following these texture weakening effects are

explored.

5.1.1 Activation of RE Effects

Most of the magnesium-RE binary alloy systems examined showed texture weakening dur-

ing recrystallisation with the intensity of the fully recrystallised texture varying strongly

from alloy to alloy. This poses the question in which alloy systems are the ‘rare earth

effects’ active? To answer to this question the magnesium-Y alloy systems with concentra-

tions ranging from almost pure magnesium up to the solid solubility of Y in magnesium

were considered. In these alloys there was a clear transition between RE and non-RE

recrystallisation textures once the Y concentration exceeded 0.1523 at%Y, after both hot

(Figure 3.1) and cold (Figure 3.13) rolling. The RE textures produced are best described

as weak basal textures characterised by an increased spreading of the basal poles about

the ND and the prismatic poles evenly distributed normal to the ND. The intensity of

164
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the recrystallised textures were quite insensitive to Y concentration once the critical con-

centration had been exceeded, with 0.2022 at% Y having a basal texture intensity of 5.2

mrd in comparison to 4.5 in the 0.1523 at% Y alloy.

Rare earth effects are much more difficult to isolate in the other binary alloys where

the same range of RE concentrations was not available. If the critical RE concentration

is linked to the solubility of each RE element then in theory the RE effects should be

potent in the Ce, La and Eu containing alloys, which have high rare earth concentrations

relative to solid solubility of each element in magnesium. While these alloys do show a

texture weakening of 3-4 mrd during recrystallisation the intensity of the recrystallised

texture is much higher than that of the Y alloys after the same treatment; 9 mrd in the

Ce alloy, 6-7.5 mrd in the La alloys and 17 mrd in the Eu alloy, compared to 5 mrd

in the Y alloys. These strong textures are not typical of RE alloys and suggest texture

weakening during recrystallisation is not enough to identify the RE effects. Figure 1.30

plots the basal texture intensity against RE concentration for a number of magnesium-RE

binary alloy systems from the literature showing recrystallised textures appear to have

intensities ranging from 2-6 mrd after rolling and annealing in all cases. It is thus proposed

that both texture weakening during recrystallisation and a weak final texture intensity

(probably within the 2-6 mrd range) is required to conclude RE effects are active. On

this basis the RE effects are active in the most dilute 0.005 at% La alloy but not in

the more concentrated La alloys, Ce or Eu systems, as the final texture in these alloys

remains high compared to what might be expected for a RE texture. A complicating

factor in these systems is the presence of second phase particles which precipitate because

the concentrations of RE in these alloys is above the solubility limit of Eu, Ce and La in

magnesium. Precipitation of particles may deplete the matrix of RE possibly reducing it

below the critical concentration required for RE effects. This may explain why increasing

the La concentration above 0.005 at% actually increases the recrystallised texture intensity

effectively deactivating the RE effects. A further complication in the Eu system is the

large grain size which is approximately 97µm in the recrystallised condition. Such a large

grain size is likely to contribute to increased texture intensity in this material as fewer

grains are sampled during texture measurement. We note that this effect also most likely

contributes to the high intensity of textures in other very dilute alloys such as 0.009 at% Y,

in these dilute alloys grain growth is not restricted by alloying additions and so lean alloys

generally have large grain sizes and thus strong textures as a result of intermediate heat

treatments between rolling passes. This probably means the transition between non-RE

and RE texture is not as prominent as suggested in Figure 1.30 because alloys below the

critical concentration probably have much larger grain sizes than those above the critical

concentration in most cases.
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The remaining alloys based upon the Gd, Nd and Yb systems all produce texture weak-

ening during recrystallisation however only the 0.0210 at% Yb system produces a recrys-

tallised texture with an intensity low enough to be considered a RE alloy. In this case

the final texture intensity is 6.4 mrd which considering the relatively large grain size of

48µm allows us to consider it a RE alloy. The Nd and Gd alloys are both borderline

RE materials in terms of their concentrations, which are fractionally above the critical

concentration thought to be required for RE effects Figure 1.30. In both cases however

strong recrystallised textures and minimal texture weakening in the case of the Nd alloy

prevent us from considering the RE effects to be active.

5.1.2 Texture Weakening in Binary Alloy Systems

Although ‘RE’ texture weakening is proposed to be active in only a small number of the

binary RE alloy systems studied, the texture weakens during static recrystallisation in

almost all cases, even in non-RE alloys. This is particularly true after cold rolling where

Figure 3.12 shows that even AZ31 (a non-RE alloy) displays significant texture weakening

during SRX. This is unusual in the magnesium alloys which normally display a strength-

ening of the basal texture during recrystallisation and grain growth, see Section 1.5.4.1.

In both RE and non-RE alloys the final recrystallised texture morphology is simply a

weak basal texture, no unique RE texture components form, even in the Y alloys, raising

the question ‘how different is the texture weakening between RE and non-RE alloys?’

One factor which does appear to be significant in both alloy types is the deformation

prior to recrystallisation, with cold rolling producing weaker recrystallised textures than

hot rolling in both RE and non-RE alloys. The binary magnesium-Y alloys provide an

interesting comparison between the non-RE and RE recrystallisation mechanisms, Figure

3.13 compares SRX after cold rolling and partial recrystallisation in the 0.0797 at% Y

(non-RE) and 0.1523 at% Y (RE) alloys. It was concluded there is no obvious difference

in the SRX mechanism or the orientation distributions of the SRX grains in the material

above or below the critical concentration. The lack of a significant difference in SRX

grain orientations between the two alloys is perhaps unsurprising as both RE and non-RE

alloys recrystallise to produce a weak basal texture, requiring similar orientations, the

real question is why does the texture weakening go so much further in the RE alloy? The

answer may lie in the observation that more stored energy remained after partial SRX in

the RE alloy in comparison to the non-RE alloy, Figure 3.13. This suggests that in the

as rolled microstructure the stored energy is more homogeneously distributed in the RE

alloy, which may be associated with an increase in non-basal slip, such as the increase in

prismatic GND’s detected in IGMA analysis, Figure 3.15. As discussed in Section 4.4 a

small increase in the activity of prismatic slip or pyramidal slip is unlikely to significantly
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change the deformation texture (Figure 4.4), which is consistent with experimental ob-

servation. The transition from inhomogeneous deformation to homogeneous deformation

can be seen in Figure 3.4, where the 0.0202 at% Y alloy demonstrated evenly distributed

shear banding after hot rolling in contrast to the dilute 0.009 and 0.0797 at%Y non-RE

alloys where few intense shear bands are observed. Recrystallisation of the homogeneously

deformed microstructure in the RE alloy leads to a larger number of smaller recrystallised

grains. Once the material fully recrystallises these smaller SRX grains are found to retain

a much weaker SRX texture than the larger SRX grains in the non-RE material.

An explanation for this effect can be found if an assumption is made that the probability

of typical magnesium SRX mechanisms, such as SIBM, nucleating weak basal orienta-

tions is proportional to the intensity of deformation in the recrystallising region. In some

ways this is justified as regions of high strain concentrations are likely to generate large

incompatibility stresses and some suggest such stresses could be as much as five times the

applied stress [42]. These high stresses are likely to cause unusual slip activity in these

isolated areas which in turn develop off-basal orientations as a result. So while overall

strong basal textures are produced, in highly localised regions, including grain boundaries

and shear bands, slightly off-basal orientations are likely to form in order to accommodate

incompatibility strains. A proposed mechanism for this effect causing texture weakening

is presented in Figure 5.1 which shows SRX in the cold rolled non-RE and RE alloys. a)

and d) show the deformed microstructure in which strain is concentrated into small areas

(large shear bands) in the non-RE alloy while in the RE alloy strain is more homogeneously

distributed across the microstructure (small evenly distributed shear bands). b) and e)

show the start of SRX in which basal (blue) and non-basal (green) grains are nucleated in

the regions of highest strain concentration in both materials. High levels of strain concen-

tration in the non-RE alloy mean that nucleation is initially confined to relatively small

areas of high stored energy b), while the homogeneous deformation in RE alloys causes

SRX nucleation throughout the microstructure e). The growth of recrystallised grains is

shown in c) and f) in which SRX grains quickly consume the small region of high stored

energy which nucleated them. The growth of these grains into the deformed material is

slow in the non-RE alloys as high strain concentration in the deformed material results

in the surrounding grains having relatively low stored energy. In contrast the growth of

recrystallised grains in the RE alloy happens more quickly as a result of the higher stored

energy in surrounding grains and the close proximity of recrystallising grains to deformed

material throughout the microstructure, due to homogeneous nucleation f). This explains

why the RE alloy has a higher recrystallised fraction than the dilute alloy after equiv-

alent deformation conditions and annealing time. In the non-RE alloys a combination

of the slower growth of recrystallised grains into the surrounding deformed grains and

the sparse distribution of recrystallising grains is likely to allow recrystallisation from the
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Figure 5.1: Schematic diagram showing SRX in a-c) non-RE and d-f) RE magnesium
alloys. Red lines indicate stored energy density, blue circles indicate SRX grains with
basal orientations and green circles SRX grains with non-basal orientations. g) {0001}

pole figure showing notional basal and off basal orientations.

deformed grains within the microstructure containing relatively low stored energy, both

in comparison to equivalent sites in the RE alloy and the sites of initial recrystallisation

in the non-RE alloy. As the stored energy in these recrystallising sites is relatively low

the orientations nucleated from them are more likely to have basal orientations, which

strengthens the basal texture thus limiting texture weakening.

In this way texture weakening in both RE and non-RE alloys is explained as a result

of heavily deformed microstructures nucleating SRX grains with non-basal orientations.

This texture weakening effect is strongest after cold rolling because this process increases

the deformation within each grain, increasing the number of nucleation sites for off basal

orientations. However, the texture weakens less in non-RE alloys because the inhomo-

geneous strain distribution allows many SRX grains to nucleate in regions of relatively

low stored energy located between sparsely distributed shear bands and other areas of

strong strain concentration. SRX in these regions nucleates grains with more basal orien-

tations strengthening the basal texture and limiting texture weakening. By comparison

homogeneous strain distribution in RE alloys means that such regions of low strain are

less likely to recrystallise, as SRX grains from shear bands will grow into much of the

deformed microstructure quickly as shear bands are evenly distributed and the deformed

grains have a relatively high energy increasing the growth rate of SRX grains. Even in

cases where these regions do nucleate SRX grains in RE alloys the higher stored energy

of these regions is more likely to nucleate off basal orientations which would contribute

to texture weakening.
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5.1.3 Summary

Overall no strong evidence of a radically different SRX mechanism in RE alloys is found.

In fact texture weakening is observed during SRX in both RE and non-RE alloys, this is

attributed to regions of high strain concentration nucleating non-basal orientations which

recrystallise weakening basal deformation textures. Texture is proposed to weaken less

in non-RE alloys as a result of inhomogeneous strain distributions allowing more basal

SRX orientations to nucleate in grains of low stored energy between sparsely distributed

regions of high strain concentration. This occurs because the highly deformed regions

which nucleate SRX first in non-RE alloys are distributed far apart and surrounded by

regions of low stored energy (in comparison to the RE alloys). Slow growth of recrystallised

grains into surrounding deformed grains allows time for nucleation of basal SRX grains

in regions of low stored energy between the highly deformed regions ultimately limiting

texture weakening. An increase in more uniform deformation in RE alloys has been

reported by various authors and is discussed in detail in Section 1.8. The homogeneous

deformation observed here cannot be specifically attributed to either increased non-basal

slip or twinning however, we do observe an increased concentration of prismatic GND’s,

contraction and double twins which are frequently associated with this effect. The unique

proposal made here is that texture weakening in cold rolled non-RE alloys is mediated

by the same mechanism as RE alloys with the homogeneous deformed microstructure

exacerbating the effect in RE alloys.

It is important to note that while these results do not explicitly disprove the operation of

a unique RE texture weakening mechanism in these binary alloys, they do suggest that

if one does exist it is a subtle effect. If a unique RE recrystallisation mechanism is oper-

ational its effects are exacerbated by cold rolling, probably as a result of the mechanism

above, explaining why the recrystallised texture intensity in RE alloys is lower after cold

rolling than after hot rolling. Although it is also possible that the RE effect in these

binary alloys is simply due to more homogeneous deformation after rolling, as proposed

above. An important distinguishing feature of the RE and non-RE texture weakening

effects is that RE texture weakening occurs during DRX and SRX, while texture weak-

ening in non-RE alloys only occurs during SRX where a significant amount of deformed

material is retained post deformation. In practice this means non-RE texture weaken-

ing is only active after cold or warm rolling where little DRX occurs during processing

as is the case here. If texture weakening in RE alloys operates by essentially the same

mechanism then in order for it to be operational during DRX retarding of DRX could be

critical in activating the effect. As by retarding DRX deformation and therefore non-basal

orientations in the microstructure will be increased thus once DRX becomes active more

non-basal orientations are available to nucleate non-basal DRX grains. If this were the
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case then retarding DRX becomes critical in RE texture weakening as it allows non-basal

orientations to develop in the microstructure which subsequently recrystallise weakening

texture.

5.2 Formation Of Rare Earth Textures In ZEK100

In the binary magnesium-RE alloys discussed above the RE textures produced are essen-

tially weak basal textures, this makes it difficult to identify when the RE effects are active.

In the tertiary magnesium-zinc-Nd alloy ZEK100 the RE and zinc additions combine to

produce an asymmetric texture with a characteristic split in the TD. It remains unclear

to what extent the mechanism forming the TD split in ZEK100 is linked to the weak basal

textures which form in the binary RE alloys, here this link is investigated by cold rolling

ZEK100. The asymmetric nature of the TD split also provides an opportunity to examine

the extent to which the deformed microstructure impacts the recrystallisation texture by

observing SRX in transverse-cold rolled material.

In the following a texture split in the RDHR refers to grains with basal orientations rotated

from the ND towards the hot rolling direction of the as received material. A TDCR texture

split refers to basal orientations rotated towards the TD in cold rolled material. The

TDCR direction is defined by the cold rolling direction (RDCR), which is parallel to RDHR

direction in straight cold rolling (SCR) and perpendicular to it in transverse cold rolling

(TCR).

5.2.1 Recrystallisation in SCR and TCR Material

Recrystallisation of SCR and TCR ZEK100 led to the formation of the ZEK rare earth

texture in which the basal texture is split into two lobes in the TDCR direction, regardless

of the direction of cold rolling. Significantly, unlike the recrystallised RE textures in binary

magnesium-RE alloys, which are simply weakened deformation textures, the recrystallised

ZEK texture appears to be unrelated to the deformation texture. Indeed, after TCR the

TDCR split in the recrystallised texture was rotated by 90◦ in comparison to the TDHR

split in the deformation texture of the as cold rolled TCR material, Figure 3.22 d,e).

Clearly the cold rolling direction is critical in generating nuclei oriented in the TDCR

which grow consuming the basally oriented deformed grains. In the following we focus on

static recrystallisation within the transverse cold rolled material as in this material the

recrystallising TDCR texture component is easily distinguishable from the deformation

texture, which is rotated by 90◦ about the ND. EBSD analysis on TCR material suggests
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the primary nucleation site for recrystallising grains is shear bands in the microstructure

Figure 3.24. In the as transverse rolled condition many of these shear bands are heavily

deformed and do not produce clear Kikuchi patterns which can be indexed, Figure 3.24

a). Where these regions can be indexed they are found to have orientations primarily

split towards the RDCR, Figures 3.25 a) and 3.27, as might be expected in shear bands of

this type following discussions in Section 1.3.4. However, while the majority of indexed

orientations within shear bands are split in the RDCR there are some isolated TDCR orien-

tations, Figure 3.30. Indeed, some TD orientations may also be hidden in the un-indexed

areas of the shear bands. In any case the majority of deformed grains within the shear

bands have RDCR orientations which appear to nucleate similarly oriented recrystallised

grains, this RDCR component dominates the texture of recrystallising grains for the first

two minutes of recrystallisation, Figure 3.25 b,c). After five minutes the TDCR texture

component becomes dominant in the recrystallised grains with grains of this orientation

having the largest recrystallised grain sizes 3.25 d), the TDCR component is retained in

the fully recrystallised material. The advantage of TDCR oriented recrystallising grains

can be observed from the earliest stages of recrystallisation where after only one minute

of annealing the largest recrystallising grains are found to have TDCR orientations 3.26

b), however, there are so few of these grains at this stage that they do not contribute

significantly to the overall texture of recrystallising grains.

Similar observations of RE orientations being present preferentially in large recrystallising

grains have also been made in DRX grains in extruded magnesium-Mn-RE alloys [164] and

in hot rolled magnesium-Zn-Zr-RE alloy systems [168]. Basu et.al attribute the dominance

of the TDCR component during recrystallisation to the higher boundary mobility of such

TDCR oriented grains [168] (Figure 1.38); the large number RDCR grains within shear

bands have, by definition, low misorietation angles between each other and therefore

low boundary mobility. The small number of TDCR oriented nuclei however, have high

misorietation angles with surrounding RDCR grains and thus high boundary mobility.

They argue that the growth advantage of the TDCR grains leads to their dominance after

annealing for five minutes in the case of ZEK alloys. While boundary mobility is doubtless

a contributory factor leading to the dominance of the TDCR texture component, overall

this explanation of RE texture formation is incomplete and does not account for the full

range of RE effects; for example, provided TD orientations nucleated within shear bands

in RE and non-RE alloys, the same logic regarding boundary high mobility of TDCR

orientations would apply but these non-RE alloys do not nucleate the TDCR component

during recrystallisation within shear bands. Perhaps a more fundamental question is how

do the TDCR orientations nucleate within the shear bands and why does this mechanism

only appear to be active in RE-Zn magnesium alloys?
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One of the simplest explanations for the nucleation of TD orientations in the deformed

microstructure is the presence of TD oriented shear bands. Figure 3.28 shows two possi-

ble shear band orientations; those producing the RD texture component (red) and those

which could potentially produce the TD component (green). In both cases the orien-

tation of deformed grains within the shear band is suggested to be controlled basal slip

which orientates basal planes parallel with the shear plane, these orientations recrystallise

nucleating recrystallised grains with the same orientation. It is possible that the TDCR

orientations such as those in Figure 3.30 are nucleated by the TDCR (green) shear bands

and are detected in small numbers because the ND-RDCR cross-section of our maps is

likely to capture more of the RD oriented (red) than TD oriented (green) shear bands. As

a result more TDCR grains are expected to be observed in an EBSD map of the ND-TDCR

cross-section. Figure 3.29 compares ND-RDCR and ND-TDCR cross-sections in material

after 5 minutes annealing, showing that if anything, the TDCR split in recrystallising

grains is reduced when observed in the ND-TDCR orientation. The small number of re-

crystallised TDCR grains in this ND-TDCR cross-section may also be because less strain

occurs in the TDCR direction than the RDCR during rolling and so shear banding in the

TD is likely to be less acute and therefore less influential on nucleating RX grains than

RDCR shear bands (red) shear bands.

An increase in non-basal slip activity is also frequently cited as the source of the RE

texture component in recrystallised textures. The mechanism of this effect must be either

non-basal slip nucleating RE orientations or allowing those orientations to grow preferen-

tially. In Section 4.5 the VPSC model was used to simulate SCR and TCR in ZEK100

and while it did not specifically account for RE additions changing the CRSS values of

each slip system the simulation suggests the likely impact changing rolling direction has

on slip system activity. Figure 4.9 and Table 4.2 give the percentage activities of each

deformation mode during SCR and TCR assuming reasonable magnesium CRSS values,

these simulations reproduce the deformation textures of both materials well, Figure 4.8

e,f). Notably during SCR the dominant slip systems are basal and prismatic slip, which

both accommodate ≈45% of strain, while under TCR ≈70% of strain is accommodated

by basal slip. Although the absolute numbers are best viewed as rough estimates the fact

remains that the dislocation content of SCR and TCR material is likely to be significantly

different with basal slip particularly influential under TCR. Unfortunately IGMA analysis

on the EBSD maps of the as rolled ZEK material did not produce any conclusive results

to support the prediction of a significant change in prismatic dislocation activity with

rolling direction. In any case the mechanism producing the recrystallised TDCR compo-

nent is clearly operational in both SCR and TCR regimes regardless of the differences

in the dislocation content of the material as a whole. A crucial point to consider is that

the VPSC model does not account for shear banding in the material which is likely to
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significantly impact deformation behaviour. Simulations of shear banding in magensium

may be required to explain the formation of the TD texture component as Figure 3.26

b) shows recrystallising grains with the TDCR component have an advantage over those

with the RDCR component even before they have grown out of the shear banded region.

This suggest that dislocation activity within the shear band is more influential than the

material as a whole because once the recrystallised grains begin to consume deformed

grains surrounding shear bands the TDCR recrystallised grains already have a size ad-

vantage. This may also go some way to explaining the 90◦ rotation of the RE texture

during TCR too, because the TDCR orientations develop within shear bands which are

oriented towards the RDCR in both SCR and TCR. In other words the 90◦ rotation of

the texture is caused by the orientation of the shear band nucleating the texture which is

defined relative to the RDCR in both SCR and TCR.

In summary the mechanism forming the TDCR (RE) texture component in ZEK100 is

found to be active during SRX after SCR and TCR. The TDCR orientations are found

to nucleate within shear bands at the early stages of SRX and have an advantage over

recrystallised grains with RDCR orientations which nucleate at the same time. Thus

despite nucleating in smaller numbers than the RDCR orientated grains the TDCR grains

come to dominate the recrystallised texture in both SCR and TCR material. The 90◦

rotation of the TDCR texture component relative to the original hot rolled TD orientation

during TCR is believed to be controlled by the orientation of the shear bands which

dominate the microstructure after cold rolling and whose direction is clearly defined by

the cold rolling direction. While the majority of deformed and recrystallised grains within

these shear bands are found to have RDCR orientations, as expected due to high levels of

basal slip, a small number of TDCR orientations are nucleated within the shear band by

a currently unknown mechanism. Basu et.al [168] note that once nucleated TDCR grains

are likely to have a growth advantage over RDCR grains due to the high mobility of the

high angle boundaries between TDCR and the majority RDCR oriented grains in the shear

band, accounting for the dominance of TDCR in the final recrystallised texture.

Nucleation of the TDCR orientations has been considered a result of a special group of

TDCR oriented shear bands forming during rolling, however no evidence of TDCR oriented

shear bands was found in the microstructure. Macroscopic dislocation content was also

considered a possible source of the RE textures. However, although the VPSC model

predicts rotating the material from SCR to TCR will cause a significant reduction in

prismatic slip activity, this is not predicted to produce any orientations rotated 90◦from

the deformation texture which may act as nucleation sites for the rotated recrystallisa-

tion texture in TCR material. If a change in the macroscopic dislocation activities were

responsible for the TDCR split in ZEK textures such a significant change in dislocation

activity between SCR and TCR would be expected to affect the recrystallised texture.
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As the recrystallised texture merely rotates after TCR with no change in morphology

another mechanism must be responsible for nucleating the TDCR component. The orien-

tation of the TDCR texture is proposed to be controlled by the direction of the dominant

shear bands in the material which form oriented towards the RDCR, the dislocation be-

haviour and activities within these shear bands are therefore critical in nucleating the

TDCR components observed by a currently unknown mechanism.

5.2.2 Recrystallisation in ECR Material

Before considering possible mechanisms forming the TDCR texture component within

shear bands during SCR and TCR it is pertinent to discuss the SRX behaviour of the

ECR material. During ECR almost equal strain was imparted in the material parallel

and perpendicular to the RDHR direction. The maximum compressive strain achievable

during ECR, of ε = −0.24, was less than that after SCR and TCR where much higher

strains could be achieved (ε = −0.4). This lower strain resulted in a slightly weaker

basal deformation texture intensity in the ECR material which is still split in the TDHR

direction, like the SCR and TCR material, but with a wider misorientation from the

ND ≈ 20◦. Overall the deformation texture of the ECR material, like that of the SCR

and TCR material was exactly as expected of a typical magnesium alloy and it can be

reproduced well using the VPSC model, Figure 4.10 g,h). However, the recrystallisation

behaviour of the ECR material is totally different to that of SCR and TCR material.

Full recrystallisation after ECR produces a recrystallised texture with a slight split in the

TDHR orientation, Figure 3.31, but the misorientation of this split remains much lower

than that in recrystallised SCR or TCR material. The ECR rolling schedule seems to

have changed the recrystallisation mechanism in ZEK100.

VPSC simulations of the ECR process shown in Figure 4.10 reproduce the deformation

texture well and suggest that the activity of each deformation mode in ECR is interme-

diate between the upper and lower limits set by SCR and TCR, Figure 4.9. As a large

change macroscopic dislocation behaviour does not affect the recrystallisation morphology

between SCR and TCR it seems unlikely that the intermediate values produced during

ECR could explain a change in recrystallised texture in ECR material. More significant

is a comparison between the as rolled microstructure in TCR and ECR ZEK100, Fig-

ure 3.32, where three primary differences are observed; first the grain size is larger after

ECR, due to the lower strains achieved in this material. Second there are fewer shear

bands visible after ECR, again this is probably due to the smaller compressive strains.

Finally some areas of the ECR material contained unusual twinning behaviour compris-

ing of wide intersecting twins, the usual twin-matrix relationship had broken down in

the ECR material as a result of deformation slip in both rolling directions preventing
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twin identification. However, ECR simulations predict the activity of compression twins

during ECR is negligible, this is consistent with observations of wide twin morphologies

typical of tension twins. Of these observations the most significant could be the absence

of shear bands in the material, considering their proposed importance in SCR and TCR

material in nucleating RX textures and controlling the rotation of the TDCR component

during TCR. In many ways the recrystallisation mechanism in ECR material is similar to

that previously discussed in the binary magnesium alloys. In both ECR ZEK100 and the

binary alloys SRX led to the formation of weakened deformation textures rather than a

unique RE component as observed in the SCR and TCR ZEK100. The absence of this

TDCR component during ECR is thus explained by the absence of shear bands during

rolling, without these bands the TDCR orientation is not nucleated and may not grow as

in SCR or TCR material. The ECR process is likely to impede shear band formation as

shear bands of different orientation are needed to accommodate strain during rolling in

each direction, thus rotations during rolling prevent one orientation of shear band from

dominating (unlike in SCR or TCR).

In summary, the TDCR recrystallised texture component found in SCR and TCR ZEK100

is not produced following ECR. Shear bands are thought to be required to generate the

TDCR texture component in ZEK100 during SCR and TCR. However, shear band for-

mation is suppressed during ECR and is thus thought to prevent the nucleation of TDCR

orientations within shear bands. The recrystallisation texture in ECR ZEK100 is best

described as a weakened deformation texture and in this respect the ECR material be-

haves similarly to the cold rolled binary RE alloys discussed in Section 5.1 which also

recrystallise producing weakened deformation textures without unique RE texture com-

ponents. In these binary alloys these weakened deformation textures are produced in spite

of shear band formation, which in these materials does not appear to nucleate the TDCR

RE texture component typical of shear bands in ZEK alloys. Therefore in explaining

the nucleation of the TDCR component the Zn addition is influential as the RE alloying

additions.

5.2.3 Formation of RE Texture Component in ZEK Alloys

The TDCR RE texture component in ZEK alloys appears to nucleate within shear bands

and does not originate either from the macroscopic deformation texture (which is a strong

basal texture) or the dominant local orientation within shear bands (which is oriented

towards the RDCR). Fundamentally an explanation is required to describe how recrys-

tallisation nuclei with basal orientations split towards the TDCR form within the shear
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Figure 5.2: Schematic of the pinning of a basal edge dislocation by solute Zn and Gd
additions [199].

bands because once these nuclei form Basu et.al [168] suggest they have far higher bound-

ary mobilities than competing RDCR nuclei, explaining why those orientations come to

dominate the fully recrystallised texture.

An important consideration here is that these TDCR orientations are not observed in the

recrystallised textures in binary magnesium-RE alloys which also recrystallise from shear

bands. If viable TDCR oriented nuclei formed in the binary alloys then one would expect

them to have the same growth advantage as in the tertiary alloys. Therefore the TD

orientations either only form or only grow in the tertiary ZEK alloys.

The most obvious difference between the two alloy groups is the Zn addition in tertiary

alloys which must facilitate the nucleation of the TDCR orientations in some way. Im-

portantly it is the combination of RE and Zn atoms that cause these effects, as other

magnesium-Zn containing alloys (such as AZ31) do not display the same weak textures.

One of the most significant effects Zn additions could have in RE alloys is the proposed

formation of RE-Zn dimers in solution [197, 199] as discussed in Section 1.9. The driving

force for dimer formation is believed to be the relaxation of misfit strains caused by re-

placing a magnesium atom in the lattice with a larger RE or smaller Zn atom. Nie et.al

[199] note that such Gd-Zn dimers may segregate to dislocations as shown in Figure 5.2

pinning them more effectively than either element on its own. Pinning of dislocations

could strongly affect recovery behaviour, especially the kinetics of subgrain formation, as

dislocations are less mobile. The overall dislocation content of the material could also

change if one deformation mode is pinned more effectively than others (see Section 4.4),

although such changes were not predicted to nucleate significant TD orientations in the

deformed texture by the VPSC model. Another key consideration is the potential effect
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of tertiary alloying additions on the solubility of RE in solution. In section 3.5.2 EDX

data found Nd additions, in an alloy with a Nd concentration below the solubility of Nd

in magnesium, were preferentially located within O and Fe containing particles. However,

the role of particles in the formation of RE textures is thought to be limited as RE effects

were not reported in this binary magnesium-Nd alloy and in general particle concentra-

tions are expected to be too low to have a significant pinning effect in many alloys showing

RE effects (Section 1.9). This focuses attention on the potential pinning of dislocations

by RE-Zn dimers and the subsequent effects on recrystallisation textures.

The TD texture component grows from nuclei within shear bands that have a TD orien-

tation. The initial TD orientation may form during deformation, perhaps due to strain

incompatibilities, subsequently recrystallising without requiring a significant orientation

change. Or the TD orientations may form by rotation of the typical RD oriented shear

bands as part of a recovery/recrystallisation mechanism. Examination of the deformed

microstructure in Figure 3.30 does show some TD oriented regions in the deformed mi-

crostructure, however it is difficult to identify which of these regions will nucleate TD

orientations during SRX. Indeed the most influential regions of the microstructure are

also those with highest energy which are too deformed to be indexed by EBSD analy-

sis, thus there is no way of knowing the orientation of the microstructure within these

regions. Two possibilities are thus considered; either the TD orientations form via a rota-

tion of the deformed RD orientations within the shear band by a recovery/recrystallisation

mechanism or the TD orientations form in the shear bands during deformation.

In order to nucleate TD orientations from the RD orientated shear bands a mechanism

such as rotational DRX is required. Such a mechanism was observed by Molodov et.al

[132] within a compression twin as a result of the recovery of prismatic dislocations during

cold deformation of a magnesium single crystal. Shear bands in RE alloys are often

suggested to nucleate as a result of compression twinning and so RDRX within parts of

the shear bands in ZEK100 might be expected to follow a similar mechanism. However,

the RDRX nuclei nucleated by prismatic slip in this mechanism had orientations with

a characteristic 30◦ rotation about the 〈c〉 axis of the compression twin parent. Such a

rotation, caused by prismatic slip, cannot reorient the basal poles of the parent crystal

from the RDCR orientation of the shear band to the TDCR orientations required for the

TD texture, to achieve this rotation recovery of basal and/or pyramidal dislocations would

be required. However, it is not clear why such a mechanism involving recovery basal or

pyramidal dislocations would preferentially nucleate the TDCR components.

On the other hand if the TD orientations were formed within shear bands during deforma-

tion then subsequent recrystallisation of these regions by typical mechanisms (including

RDRX) would be expected to nucleate grains with a similar TD component to the parent
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grain. In this case the question is why such TD orientations do not develop in binary

RE alloys which produce weakened deformation textures during RX. Clearly the addition

of Zn in ZEK100 is critical in facilitating this change. As the deformation textures of

magnesium-RE and magnesium-RE-Zn alloys are reportedly very similar[168] and VPSC

simulations suggest that small changes in the relative activity of each slip system (which

may be caused by Zn addition) has minimal effect on nucleating TD oriented grain in

the bulk, it is proposed a recovery related process is likely to account for the preferential

nucleation of TD orientations in ZEK100. The Schmid factor for prismatic slip is high in

TD oriented grains and so the prismatic dislocation content in these TD regions within

shear bands is also likely to be higher than that of the RD oriented regions in the majority

of the shear band, which are expected to contain primarily basal dislocations. If RE-Zn

dimers are assumed to be more effective at pinning basal dislocations than prismatic dis-

locations then in a recovery based mechanism the RD oriented parts of the shear band

would recovery more slowly than the TD oriented parts because the basal dislocations are

more effectively pinned by RE-Zn dimers. This would allow the (few) TD orientations

in the shear bands to form viable nuclei before the RD orientations. Once the TD nu-

clei begin to grow the high boundary mobility of these orientations allows them to grow

faster and subsequently dominate the recrystallisation texture. This also explains why

TD orientations do not develop in non-RE alloys; because without the effective pinning

of basal dislocations by RE-Zn dimers the recovery rate of prismatic dislocations is not

fast enough to overcome the numerical advantage of the basal orientations in these alloys,

even where TD orientations are present in the deformed shear band.

While highly speculative this mechanism does explain the preference for TDCR orienta-

tions in recrystallising grains which is difficult to do without considering prismatic slip

as a key factor. In support of this mechanism is that sparse TDCR orientated regions

within shear bands are observed in as cold rolled TCR material, Figure 3.30. Such orien-

tations also appear to have a growth advantage over RDCR oriented recrystallising grains

from the very early stages of recrystallisation, Figure 3.26. In Section 4.4.1.2 we also

noted that VPSC modelling suggests reduced activity of tension twinning in comparison

to compression twinning (as experimentally observed in ZEK alloys) may lead to an in-

creased number of TDCR orientations in the deformation texture, although the typical

basal texture remains dominant. It must be acknowledged though that there is currently

no evidence suggesting that RE-Zn dimers should preferentially pin basal dislocations

more than prismatic dislocations, which is a key component for this mechanism. High

level DFT modelling beyond the scope of this work is likely required to reproduce this

effect if it is present. Unfortunately the the limitations of the EBSD technique preventing

indexing of the shear bands in the as rolled condition make it very difficult to determine

with certainty the existence of TD oriented regions in the deformed state. Ideally an in
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situe recrystallisation experiment would show the recovery and recrystallisation of such

deformed TD regions of shear bands before RD oriented nuclei, however currently this is

not possible.

5.2.4 Grain Growth In ZEK100

Once recrystallisation is complete after hot or cold rolling the TD texture component is

fully established in ZEK alloys. Here it is argued that the formation of this component may

be due to a combination of dislocation pinning by RE-Zn dimers and the high boundary

mobility of the high angle boundaries between these TD oriented grains and the basal

orientations of deformed grains. It is therefore interesting to discuss the effect of grain

growth on the texture in these alloys, as the proposed mechanism of TD texture formation

assumes no particular growth advantage of the TD orientations other than their high

boundary mobility, caused by strong basal textures of most other grains in deformed

magnesium. Figure 3.33 shows an EBSD map of ZEK100 after annealing for 30 days

where significant abnormal grain growth has occurred. The texture of the material is still

spread in the TD however, the TD oriented lobes present in the recrystallised material have

been replaced with a smeared basal texture in the TD. Viewing the texture as function of

grain size (Figure 3.34) fails to recover the TD lobes present in the recrystallised material

however, it does suggest that larger grains are slightly more basally oriented than the

smaller grains. Figure 3.35 shows that this smeared basal texture can also be found in

grains with a smaller than average size within fully recrystallised ZEK100. In other words

these smaller grains, which are at a growth disadvantage during recrystallisation, gain an

advantage over larger grains which are split in the TD during grain growth. After the

long annealing treatment used here these more basal orientations come to dominate the

material texture.

Like the formation of the split TD texture component this can also be justified on the

basis of a higher boundary mobility, in this case of basally oriented grains; At the end

of recrystallisation the situation which leads to the dominance of TD orientations, high

boundary mobility caused by high misorientation angles between TD grains and deformed

grains, is reversed. Recrystallised basal grains, which are below average size, are low in

number but have high misorientations between themselves and the dominant recrystallised

TD orientated grains, which have a corresponding low boundary mobility due to their

superior numbers in the recrystallised TD texture. As a result all other effects being equal

one expects these basal orientations to have a growth advantage over grains oriented within

the TD lobes during normal grain growth, which explains why the texture returns to a

more basal morphology after significant grain growth. A similar mechanism explaining
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changes in bulk texture during grain growth due to the boundary mobility between texture

components has also been observed during grain growth in pure titanium [153].

However, this does not explain the abnormal grain growth also observed in the ZEK

alloy. Abnormal grain growth is typically associated with strong textures, pinning of grain

boundaries by second phase particles[21] and recently solute drag of grain boundaries[178].

In this case we note that the abnormally grown grains have various orientations spread

about the TD of the material (Figure 3.34 j,k) ) suggesting the abnormal grain growth is

not related to the orientation of the grains. This might be expected as the recrystallised

texture, although oriented in the TD, is quite weak and so unlikely to produce a growth

advantage large enough to account for abnormal grain growth. Abnormal grain growth

has also been reported by other authors in both binary [95] and tertiary [150] RE alloys.

In these cases particle pinning and segregation of RE atoms to grain boundaries have been

cited as the most probable causes. The cause of abnormal grain growth in this alloys is thus

likely to be a complex function of both these factors, as this is not the focus of this thesis

it is not explored further. In either case the most significant observation for the present

discussion is that grains orientated within the TD lobes do not appear to a significant

growth advantage over other orientations (other than boundary misorientations) during

normal or abnormal grain growth. In turn this suggests that TD grains boundaries do not

have a special growth advantage, which might otherwise have explained the formation of

the TD texture component during primary recrystallisation.

5.3 Grain Boundary Segregation and Solute Drag

All of the mechanisms proposed above explain RE texture formation during static recrys-

tallisation after cold rolling, however texture weakening in RE alloys also occurs during

DRX. It is suggested this occurs only in RE alloys because RE additions delay DRX

enough for the deformed microstructure to nucleate weak textures by the mechanisms

proposed above. Importantly, as discussed in Section 1.9, RE texture weakening is de-

activated at high temperatures, where segregation to grain boundaries is found to fall

[194]. Recent modelling has also suggested that grain boundary drag, as a result of RE

segregation, is likely to retard DRX in magnesium [193]. This analysis combines high

resolution TEM imaging and EDX to determine the extent of RE segregation to grain

boundaries at a higher resolution than has been achieved before, in magnesium-0.1523

at% Y, which produces RE effects, and magnesium-0.0243 at% Nd, which does not show

RE effects. Y atoms are found to segregate strongly to grain boundaries forming clusters

<2nm in diameter, peak concentrations at the boundary are found to be ≈ 1.5 at% Y.

While in the Nd alloy no grain boundary segregation was observed, this alloy did not
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produce significant texture weakening during hot rolling and is not a RE alloy by the

definitions proposed in Section 5.1.1. Although the Nd concentration in this alloy is close

to the critical concentration required for RE effects, as measured by Hantzsche et.al [149],

Figure 3.10. EDX analysis shows that Nd resides primarily in a range of magnesium,

iron and oxygen containing precipitates within the matrix. Precipitation of Nd with the

impurity elements in magnesium was not expected on the basis of the magnesium-Nd

phase diagram which indicates all Nd should be in solution in this alloy[7], suggesting

that either this diagram is in error or even the low concentrations of impurities in these

alloys (Table 2.2) are enough to change the solubility of Nd in magnesium. This could

be very significant for the RE effects as precipitation of Nd depletes the matrix of Nd

which is likely to reduce the activity of the solute RE effects including segregation of

Nd atoms to grain boundaries and/or dislocations. Without the presence of solute Nd

in the matrix the material behaves similarly to a non-RE magnesium alloy and does not

produce texture weakening characteristic of RE alloys, as shown in Figure 3.8. Further

work is needed to fully identify the Nd containing phases present in the Nd alloy, however

if the presence of impurities such as Fe are found to significantly change the solubility of

RE atoms this could significantly complicate the RE effects because RE atoms are only

believed to be effective texture weakeners when in solution. A point supported by the

observation that although RE particles are observed in both Y and Nd alloys texture

weakening was only observed in the Y alloy where significant grain boundary segregation

was observed. If impurities were found to significantly affect the solubility of RE elements

then they could be one factor in explaining why some of the binary alloys considered here

(e.g Nd, La, Ce) do not produce textures as weak as those observed in alloys with similar

compositions examined by other authors. Figure 3.9 shows the texture strength of our

0.0349 at% Ce was 5 mrd stronger than that reported by Mackenzie [138] and Hantzsche

[149] after similar processing, this may be partly due to a higher level of impurities in the

alloy studied here.

In summary segregation of solute RE atoms to grain boundaries is believed to be critical

in activating RE texture weakening though a grain boundary drag mechanism retarding

DRX. High resolution EDX analysis showed Y atoms strongly segregated to grain bound-

aries in an alloy which showed RE effects, while Nd was not found to segregate in an alloy

which did not show RE effects. In the Nd alloy the RE atoms were found to precipitate

in the matrix, in fact both alloys contained a range of particles containing RE atoms and

non-RE impurities. While the volume fraction of these particles is believed to be too low

to cause significant boundary pinning, particle formation depletes the matrix of solute

RE. This effect is likely to be exacerbated in low solubility elements, like Nd, as only a

small amount of RE needs to precipitate to significantly reduce matrix concentrations.

This could be significant in deactivating RE effects if the matrix concentration falls low
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enough to prevent significant segregation to grain boundaries and dislocations which are

believed to be required to activate the RE effects.



Chapter 6

Conclusions

• Texture weakening during recrysatllisaiton has been reported in both RE and non-

RE magnesium alloys. To qualify as RE texture weakening a definition is proposed

requiring the recrystallisation texture to weaken during both DRX and SRX to less

than 6 mrd.

• The critical concentration of RE required to activate these effects had been asso-

ciated with the solubility of each RE in magnesium. EDX analysis in the TEM

shows segregation of RE to grain boundaries in ≈ 4nm clusters only in alloys which

produced the RE effect, indicating that segregation is critical to activating these

RE effects. The critical concentration is therefore proposed to be related to the

concentration of RE required to exert a significant pinning effect on these bound-

aries, which results in the retarding of DRX during processing. Retarded DRX is

thought to be critical in RE texture formation as it allows the development of off

basal orientations during deformation which nucleate the RE texture components.

• Non-RE alloying additions also have a significant effect on the critical concentration

of RE. The binary Nd-magnesium alloy studied here did not produce RE effects

unlike similar alloys in other studies. EDX analysis shows Nd atoms are primarily

located in particles with impurities and not segregated to grain boundaries, despite

Nd concentrations below the solubility limit in magnesium. Thus even very low

concentrations of tertiary alloying additions could affect the solubility of RE in

magnesium, preventing segregation to grain boundaries. This effect complicates

determination of the critical concentration of RE as it is probably also a function of

the concentration of other alloying additions. The impurity effects are likely to be

more significant in low solubility RE alloys as the concentration of RE in solution

of these alloys is low by definition and so even a small reduction in RE solubility

183
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may be enough to deplete the matrix of RE preventing significant grain boundary

segregation.

• Two different texture weakening mechanisms are observed; one in binary magnesium-

RE alloys and another different mechanism in the tertiary magnesium-RE-Zn alloys.

Texture weakening in the binary RE alloys is proposed to be due to the same mech-

anism as in the non-RE alloys after cold rolling and recrystallisation.

• After cold rolling and partial SRX the binary RE alloys are found to have a more

homogeneous strain distribution and a finer recrystallising grain size than the non-

RE alloys, despite similar SRX mechanisms observed in both materials. While both

RE and non-RE alloys go on to produce texture weakening after cold rolling and

complete SRX, the texture is found to be weaker in the RE alloys. In both cases

texture weakening is proposed to be nucleated in regions of high strain localisation

where off basal orientations are nucleated recrystallising first nucleating the weak

RE textures. In the RE alloys these areas of strain localisation are homogeneously

distributed maximising the texture weakening effect, while in non-RE alloys het-

erogeneous strain distribution allows SRX in regions between areas of high strain

localisation with a lower stored energy and fewer off-basal orientations. These areas

are likely to nucleate more basally oriented grains limiting the texture weakening ef-

fect in these non-RE alloys. Critically this texture weakening is not possible during

DRX in non-RE alloys as recrystallisation occurs before enough strain concentra-

tion occurs to nucleate the off basal orientations required, while in RE alloys grain

boundary drag by RE atoms delays DRX allowing such orientations to form.

• In ZEK100, a magnesium-Nd-Zn alloy, recrystallisation after cold rolling produces

a unique TD split in the basal texture of the material which is not explained by

the macroscopic deformation texture, which is similar to that of other magnesium

alloys. The orientation of the TD split is determined by previous rolling direction as

a result of recrystallisation within shear bands whose orientation is also controlled

by the rolling direction. In ZEK100 which has been equal cold rolled shear bands are

not dominant as a result of rotation of the sheet between rolling passes and so the

recrystallised texture is similar to binary RE alloys, a weakened deformation texture.

The mechanism nucleating the TD orientations from shear bands largely oriented

toward the RD is unknown however, growth of TD orientations as a result of a special

boundary relationship seems unlikely as during grain growth there is a resurgence

of basal orientations. This is explained as a result of the higher boundary mobility

of basal orientations amoungst the majority of recrystallised grains split in the TD.

A (largely hypothetical) mechanism is proposed in which TD orientations within

shear bands recrystallise more quickly than the RD oriented bulk of the shear band
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due to the preferential pinning of basal dislocations, possibly by RE-Zn dimers in

solution. Once nucleated the high boundary mobility of recrystallising TD oriented

grains leads to them growing larger faster than the majority of recrystallising RD

grains.
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[182] U. F. Kocks and C. Tomé: ‘Texture and Anisotropy’, Cambridge University Press,

1998.

[183] Y. Chino, M. Kado and M. Mabuchi, Materials Science and Engineering: A, 2008,

494(1-2), 343–349.

[184] J. Hadorn, R. P. Mulay, K. Hantzsche, S. Yi, J. Bohlen, D. Letzig and S. R. Agnew,

Metallurgical and Materials Transactions A, 2012, 44(3), 1566–1576.



Bibliography 196

[185] M. Suzuki, H. Sato, K. Maruyama and H. Oikawa, Materials Science and Engineer-

ing A, 1998, 252(2), 248–255.

[186] Y. Chino, M. Kado and M. Mabuchi, Acta Materialia, 2008, 56(3), 387–394.
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